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Abstract

A critical review is presented of the possibility of stress corrosion cracking (SCC) of copper canisters
in a deep geological repository in the Fennoscandian Shield. Each of the four main mechanisms pro-
posed for the SCC of pure copper are reviewed and the required conditions for cracking compared
with the expected environmental and mechanical loading conditions within the repository. Other
possible mechanisms are also considered, as are recent studies specifically directed towards the SCC
of copper canisters.

The aim of the review is to determine if and when during the evolution of the repository environ-
ment copper canisters might be susceptible to SCC. Mechanisms that require a degree of oxidation
or dissolution are only possible whilst oxidant is present in the repository and then only if other
environmental and mechanical loading conditions are satisfied. These constraints are found to limit
the period during which the canisters could be susceptible to cracking via film rupture (slip dissolu-
tion) or tarnish rupture mechanisms to the first few years after deposition of the canisters, at which
time there will be insufficient SCC agent (ammonia, acetate, or nitrite) to support cracking. During
the anaerobic phase, the supply of sulphide ions to the free surface will be transport limited by diffu-
sion through the highly compacted bentonite. Therefore, no HS™ will enter the crack and cracking by
either of these mechanisms during the long term anaerobic phase is not feasible.

Cracking via the film-induced cleavage mechanism requires a surface film of specific properties, most
often associated with a nanoporous structure. Slow rates of dissolution characteristic of processes in
the repository will tend to coarsen any nanoporous layer. Under some circumstances, a cuprous oxide
film could support film-induced cleavage, but there is no evidence that this mechanism would operate
in the presence of sulphide during the long-term anaerobic period because copper sulphide films
appear to be insufficiently adherent.

A critical review of the surface mobility model is presented. It is argued that the formulation of the
crack growth law is flawed and that, in its corrected form, predicted crack growth rates would be
of the order of 102 m/s. Therefore, even if cracking were to occur via this mechanism, the crack
velocity would be too small to lead to canister failure, even over repository timescales.

Two other SCC mechanisms, the adsorption-induced dislocation emission and vacancy injection and
embrittlement models, are also discussed. Although these models are still in the development stage,
it is considered unlikely that they could induce cracking during the long-term anaerobic phase.

Therefore, we conclude that the probability of SCC during the early aerobic period is low because of
the absence of the necessary conditions for cracking and that there is no well-founded SCC mechanism
that would result in cracking during the long-term anaerobic phase in the repository. Nevertheless,

it is felt prudent to continue to study SCC of copper, especially under anaerobic conditions, in order
to provide more support for the position that the stress corrosion cracking of copper canisters in the
repository will not limit their service life.
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1 Introduction

The Swedish Nuclear Fuel and Waste Management Co (SKB) is investigating the disposal of spent
nuclear fuel in a deep geologic repository in the granitic rock of the Fennoscandian Shield /SKB
2006/. A key component of the multibarrier system being developed is a corrosion-resistant copper
canister that is expected to provide absolute containment for periods in excess of 100,000 years.
Corrosion of the copper shell is one process that could limit the lifetime of the canisters, although a
detailed review of possible corrosion processes indicates that long canister lifetimes are likely under
the expected repository conditions /King et al. 2001, 2010/.

Copper is known to be susceptible to stress corrosion cracking (SCC) under certain conditions /King
et al. 2001, 2010/. Of all of the corrosion processes to which the canister may be susceptible, SCC

is one of the more difficult to assess since, at any reasonable crack growth rate, failure would occur
within a relatively short period of time (compared with repository timescales). It is not practical,
therefore, to make the canister sufficiently thick to avoid failure by SCC as would be the strategy in
the case of general corrosion. Instead, it is necessary to demonstrate that either SCC will not occur or
that, if it does, the period of crack growth is sufficiently short that a crack will not propagate through
the canister wall within a short period of time.

In general, the probability of SCC can be reduced through sound engineering design /Jones 1992/,
an approach that also applies to copper canisters in an underground nuclear waste repository in
Sweden or Finland. First , the most obvious approach is to avoid choosing a material for a service
environment in which it is known to be susceptible to SCC. Second, efforts can be made to reduce
the tensile stress to which the object will be exposed, either through stress mitigation practices or
through appropriate design. Third, the environment can be modified through the use of coatings or
inhibitors, or through the use of agents that affect the electrochemical potential of the surface. These
three approaches are clearly aligned with the common description of SCC as being the consequence
of an aggressive environment acting on a susceptible material in the presence of a tensile stress.

Of these three prerequisites for SCC, that of particular importance for the disposal of nuclear waste
is the nature of the environment. Over the long timescales of interest, the environmental conditions
inevitably evolve /King et al. 2001, 2010/. For a backfilled repository located below the water table,
as in the SKB and Posiva designs, for example, this evolution of environmental conditions can
generally be characterised as a transition from a transitory early warm, aerobic phase to a long-term
stable cool, anaerobic period. In corrosion terms, this evolution of the environment corresponds to a
transition from relatively rapid and, possibly, localised corrosion behaviour initially, to an indefinite
period of slow general corrosion. It has been argued that the SCC of copper canisters is unlikely to
occur in the repository environment, and is only possible during the initial transient acrobic phase
/King 1996, Maak and King 2005/.

This report is designed to complement the review of the SCC of copper canisters by /King et al. 2001,
2010/. Accordingly, this report is not an exhaustive review of the copper SCC literature, but instead
focuses on the requirements for the four main mechanisms proposed and whether these prerequisites
will be present in the repository. Since the majority of recent studies have focused on either the
film-induced cleavage (Section 3.3) or surface mobility models (Section 3.4 and Appendices A and
B), greater detail is provided for these two mechanisms than for the earlier film-rupture (Section 3.1)
or tarnish-rupture models (Section 3.2). Because of the emphasis in this report on the SCC of copper
canisters, the results of copper SCC studies performed under simulated repository conditions are also
reviewed (Section 4). Based on this evidence, the expected SCC behaviour of copper canisters is dis-
cussed, with particular emphasis on how this behaviour changes with time as the environment evolves
(Section 5). Of particular interest is whether SCC is only possible during the early aerobic transient
phase, or whether SCC susceptibility continues into the long-term anaerobic period.

TR-10-04 7



2 Review of the environmental conditions in the
repository and factors leading to mechanical
loading of the canister

Classically, SCC has been described as the consequence of the action of a suitably corrosive environment
on a susceptible material in the presence of a tensile stress. Of these three factors, the two environmental-

related factors (a suitable corrosive environment and the tensile stress) are discussed in this section. Issues
related to the SCC-susceptibility of the canister material (oxygen-free copper with additional phosphorus

(OFP copper)) are discussed for each mechanism in the next section, where appropriate.

The nature of the environment in the repository has been described in detail elsewhere /King et al.
2001, 2010/ and only the pertinent features are summarised here. In terms of the factors affecting the
corrosiveness of the environment, the most important are the redox potential, the pore-water salinity
and pH, temperature, and the generation of specific species that are known to support SCC. Those
factors that affect the loading on the canister, and hence the level of possible tensile stress, are the
hydrostatic head and bentonite swelling pressure and future glaciation events.

The most important characteristic of the repository environment is that it evolves over time. In general
terms, the environment evolves from an initial warm, aerobic phase to an eventual cool, anaerobic con-
dition that will resemble the undisturbed environment and which will persist indefinitely. This general
evolution is illustrated schematically in Figure 2-1 /King et al. 2008/. It is expected that the duration

of this aerobic-anaerobic transition will be of the order of 10’s to 100’s of years /Puigdomonech et al.
2001/, with the canister temperature dropping to ambient within a few 1000’s of years /King et al.
2010/. In corrosion terms, this evolution of environmental conditions corresponds to a change from
an early aggressive period, during which rapid general corrosion and possible localised corrosion are
possible, to an ultimate benign period, during which only slow general corrosion is expected and which
will be limited by the rate of transport of sulphide to the canister surface.

The shaded regions in Figure 2-1 represent the ranges of variability and uncertainty in the evolution
of the environmental conditions within the repository. The rate of O, consumption will vary with loca-
tion in the repository, both because the initial inventory will vary with the porosity and initial degree
of saturation of the different sealing materials and because the rates of the different O, consumption
reactions will vary. For example, in those sealing materials in which aerobic microbial respiration
occurs, O, consumption could be very rapid (within a matter of weeks or months of repository clo-
sure). Similarly, the canister surface temperatures will vary spatially, partly because of the distribution
in fuel burn-up and partly because canisters in the centre of the repository will tend to be warmer than
those on the periphery.

Of primary importance among the environmental parameters is the redox potential and how it changes
with time. The redox potential (Ey) is a measure of the relative oxidising and reducing power of the
environment and establishes the maximum value of the corrosion potential (Ecorr) of the canister.
The corrosion potential is a fundamental parameter in corrosion science and many forms of corrosion,
including some types of SCC, occur only in certain ranges of potential.

In a Swedish/Finnish repository, the species that will determine the Ej, (and, hence, partly determine
Ecorr) are O,, cupric species (Cu(Il)), and sulphide ions (HS-). Oxygen will be trapped in the pores
of the buffer and backfill material used to seal the deposition holes and tunnels. It is estimated that
approximately 450 moles of O, will be present initially in the repository for each canister /King

et al. 2010/, of which 95% will be in the tunnel and only 5% in the deposition hole. This O, will be
consumed by a number of processes, including corrosion of carbon steel rock supports and other
construction components, oxidation of Fe(IT), HS-, and other oxidisable species, microbial activity,
and by corrosion of the canister. In the latter case, O; is consumed by both the direct reduction on the
canister surface and by the homogeneous oxidation of cuprous (Cu(l)) species to Cu(Il). Copper(1I)
ions then become an oxidant for the corrosion of copper. Eventually, once all of the initially trapped
O, and the subsequently formed Cu(Il) ions have been consumed, the redox potential is likely to be
dominated by reactions with sulphide species present either naturally in the groundwater because of
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Figure 2-1. Schematic illustrating the evolution of environmental conditions within a deep geological
repository /King et al. 2008/.

the dissolution of pyrite minerals or produced in the backfill or surrounding rock by sulphate-reducing
bacteria /King et al. 2001, 2010, Masurat et al. 2010, Pedersen 2000/. Because of the strong compl-
exation of Cu(I) by HS-, copper is thermodynamically unstable in sulphide-containing water and the
canister Ecorr Will shift to significantly negative values. It is unclear whether there will be a period
during this transition when Cu metal is in equilibrium with Cu(I) ions (e.g. as dissolved CuCly"). For
this to occur, the surface must be free of oxide (Cu,O), which only occurs in acidic solution (<pH 4,
/Pourbaix 1974/) and, therefore, seems unlikely in bentonite pore water buffered by the presence of
carbonate minerals /King et al. 2001, 2010/. Equilibrium between Cu metal and Cu(]I) ions may be
important if such systems are shown to support SCC (see section 3.4).

The chemical composition of the pore water will depend on the composition of the groundwater at
repository depth and on interactions with the bentonite sealing materials. Deep Fennoscandian Shield
groundwaters tend to be saline, with chloride concentrations of several tenths molar possible at
candidate repository sites in Sweden /King et al. 2001, 2010/. Table 2-1 summarises the likely ranges
of composition of groundwaters in the Laxemar region near Oskarsham and in the Forsmark-North
Uppland area after resaturation of the repository /King et al. 2001, 2010/. The groundwaters are
essentially Na/Ca-based chloride solutions, with a significant concentration of sulphate. The waters
exhibit a slightly alkaline pH and are anoxic. Background levels of HS" ions are low (<1 mg/L).

Ion exchange between the incoming groundwater and bentonite minerals and the dissolution of
mineral impurities in the clay will modify the pore-water composition. The dissolution of calcite will
effectively buffer the pore-water pH in the range pH 7-9 /King et al. 2001, 2010/. Furthermore, the
exchange of Ca in the groundwater for Na in the clay will suppress the pore-water Ca content whilst
leading to an increase in the Na concentration.

Other chemical species of interest are those that have been shown to support the SCC of copper,
namely; nitrite, ammonia, and acetate ions. None of these species is present naturally in Swedish
groundwaters, although ammonium ions are found at concentrations <1 mg/L in Finnish waters /King
et al. 2001, 2010/. The most likely route for the formation of these species is microbial activity /King
1996, Maak and King 2005/, although residues from explosives cannot be completely ruled out as

an additional source. However, since microbial activity is suppressed in highly compacted bentonite,
any such species will be formed predominantly by microbes active in the groundwater itself or in the
tunnel backfill. Once formed, the ions must then diffuse to the canister surface through the bentonite
/King and Kolar 2006/.
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Table 2-1. Predicted chemical composition of the groundwater at repository depth in the Laxemar

area in Oskarshamn and the Forsmark-North Uppland region after saturation of the repository.

Concentrations are given in both mg/L and mol/L.

Constituent Units Laxemar Forsmark-North Uppland
pH - 7-8 7.1-8.7
Eh mV —180 to —250 —190 to —280
Na* mg/L 15-990 90-3,750

mol/L (0.7-43)-10°3 (4-163)-10
K* mg/L 2.6-29 1-136

mol/L (0.7-7)-10+ (0.3-35)-10*
Ca? mg/L 40-960 58-1,900

mol/L (1-24)-10° (1.4-47)1073
Mg? mg/L 4-90 0.1-460

mol/L (0.2-4)-10"® (0.01-19)-10°®
Alkalinity mg/L 60-150 5-290

mol/L (1.0-2.4)-10® (0.1-4.8)-10°
Cl- mg/L 11-2,910 95-6,900

mol/L (0.3-82)-10- (2.7-194)-10°°
SO4* mg/L 7.5-210 19-900

mol/L (08-22)-10* (0.2-9.4)-10°8
HS- mg/L 0.03-0.1 0-0.30

mol/L (0.9-3)-10¢ 0-10°

The other major “environmental” characteristic of importance is the development of a tensile stress
(or strain) and the rate at which that stress changes. The sources of stress on the copper canister
include:

» residual stress from the canister fabrication and closure weld procedures,
* bentonite swelling pressure of 8 MPa (range 5—13 MPa) /SKB 2006/,

* hydrostatic load of 4-5 MPa, plus an additional 22-26 MPa pressure during glaciation events
/SKB 2006/.

The maximum applied load is, therefore, in the range of 31-44 MPa. Figure 2-2 shows, schemati-
cally the sequence of the application of these loads, but the precise timing depends on site and future
climate variables.

Although the possible sources of residual and applied stress are understood, the prediction of the
distribution of tensile stress on the canister surface, and how it varies with time, remains an area of
uncertainty. Residual stress will be present on the copper shell following fabrication and sealing of
the canister. Upon imposition of the bentonite swelling and hydrostatic pressures, the surface stresses
become compressive on most parts of the canister but areas with tensile stresses will occur locally.
Such areas are, for example, the regions close to the canister lid and bottom.

There is some doubt, therefore, whether the level of tensile stress on the canister surface will be
sufficient to sustain SCC of the copper shell.

TR-10-04 11
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loading and bentonite swelling pressures /McMurry et al. 2003/.
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3 SCC mechanisms and their relevance to copper
canisters in a deep geologic repository

In this section, the major mechanisms proposed for the SCC of copper are critically reviewed and
their applicability to the cracking of copper canisters discussed. In determining whether a particular
mechanism may result in the SCC of the canister, two factors are considered. First, whether the
mechanism is valid and is supported by scientific evidence in the literature. Second, given that
there is evidence in support of the mechanism, are the mechanistic requirements satisfied within
the repository system, in terms of the necessary material, mechanical loading, and environmental
considerations.

3.1 Film-rupture

Probably the longest-established SCC mechanism, the film-rupture mechanism, involves crack
propagation following the rupture of some form of film at the crack tip (Figure 3-1) /Jones 1992/.
Crack advance is typically believed to occur by a dissolution process, hence the synonyms of slip
dissolution and slip oxidation /Jones 1992/, the latter often used when there is no clear evidence for
dissolution at the crack tip. Anodic dissolution at the crack tip is supported by cathodic reactions on
the crack walls or on surfaces outside the crack.

The crack velocity (v) is related to the anodic current density at the crack tip (icr)
M

CT &
zFp
where M is the atomic mass of Cu, z is the valency of dissolved metal, F is the Faraday constant,

and r is the density of Cu. If the crack-tip strain rate (€ct) is slow, the crack tip periodically repas-

sivates and the crack advances discontinuously at a rate given by
v=Qr b L 32

¢ zFp

v=1i 3-1

where Qr is the charge density corresponding to crack advance and ec is the critical strain for film
rupture.
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Figure 3-1. Schematic illustration of the film-rupture or slip dissolution model for stress corrosion cracking
/Parkins 1976/.

TR-10-04 13



A number of workers have proposed that the SCC of copper can be accounted for by the film-rupture
mechanism, including:

1. /Uchida et al. 1991/, who reported the transgranular cracking of pure (>99.99%) copper in
1 mol/L nitrite solution at pH 7.3-7.5. Cracking was associated with the presence of a tarnish
film, occurring at potentials near the Cu,O/CuO equilibrium line, and the authors could not rule
out the possibility of a tarnish rupture mechanism.

2. /Pednekar et al. 1979/ observed transgranular cracking during slow strain rate testing (SSRT) in
aerated 1 mol/L nitrite at the open circuit potential. Crack advance was attributed to dissolution
following film rupture at slip planes.

3. /Benjamin et al. 1988/ studied the transgranular cracking of oxygen-free high-conductivity and
of phosphorus-deoxidised copper in nitrite solutions (0.001-1 mol/L) at room temperature and at
80°C. There was evidence for a threshold potential and nitrite concentration, possibly associated
with a crack-tip current density of 0.1 mAxcm™. The two materials behaved identically.

4. /Yu and Parkins 1987/ reported transgranular SCC following initiation at grain boundaries in
nitrite solutions of various concentrations at pH 9 and at various potentials. There was evidence
for a threshold potential and nitrite concentration below which cracking did not occur. Fracture
surfaces exhibited cleavage-like characteristics and crack arrest markings, and the authors were
unable to discount the possibility of a film-induced cleavage mechanism.

5. /Thompson and Tracy 1949/ observed intergranular cracking in moist tarnishing ammonia
atmospheres, which was attributed to dissolution following the rupture of a Cu,O film.

The film-rupture mechanism has certain environmental requirements. First, conditions must be suit-
able for the formation of a protective film, most likely Cu,O. Although this requirement is clearly met
in solutions that result in a visible tarnish, a film may also be present at the crack tip in non-tarnishing
solutions, such as those studied by Pugh and co-workers /Pugh 1979, Pugh et al. 1966/. Provided the
pH inside the crack is not too acidic (<pH 4 at 25°C, Figure 3-2 /Pourbaix 1974/), a Cu,O film would
be present at potentials achieved in the presence of either O, or Cu(Il). Second, the environment must
contain a species that will both support dissolution (so as to allow crack growth) and film formation
(so as to maintain passivity of the crack walls and, if cracking is discontinuous, periodically passivate
the crack tip). Although the formation of Cu,O occurs in a wide range of solutions under appropriate
conditions of potential and pH, the presence of ammonia has been found to be particularly adept at
maintaining the necessary conditions at the crack tip. (The SCC of copper in nitrite solutions has been
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Figure 3-2. Potential-pH diagram for the Cu-H>O system with Cu;0 and CuO as the stable solid oxides
/Pourbaix 1974/.
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attributed to the formation of ammonia in the crack by the reduction of NO, to NH; /Mori et al. 2005,
Newman and Burstein 1980, Schwentenwein et al. 2002/). Third, there must be sufficient tensile
strain to rupture the film at the crack tip. Straining of the copper shell will occur as the bentonite
swelling pressure and/or hydrostatic head are developing and before the 1-2 mm gap between the
shell and cast iron insert has closed. There is also the possibility of straining due to a shear load during
glaciation events.

It is not evident that these three environmental requirements will be satisfied simultaneously within
the repository. A Cu,O film, or at least the conditions for film formation, will certainly exist early
in the evolution of the repository environment, as will a period of straining of the copper shell (and,
by inference, some degree of tensile deformation). However, based on predictions of the extent

and location of microbial activity in the repository /King and Kolar 2006, King et al. 2001, 2010,
Pedersen 2000/, it seems unlikely that microbial activity remote from the canister will result in
sufficient, if any, nitrite or ammonium ions reaching the canister surface.

3.2 Tarnish rupture

The tarnish rupture mechanism is similar to the film rupture mechanism in that it involves a film (tar-
nish) and dissolution (Figure 3-3). The two mechanisms are distinguishable, however, on the basis that
for the tarnish rupture mechanism crack advance occurs by fracture of the pre-formed tarnish, whereas
in the film rupture mechanism crack advance occurs by dissolution following rupture of the film /King
et al. 2001, 2010/. This may seem a subtle difference, but this distinction is maintained here as the two
mechanisms have been historically considered separately.

The tarnish rupture mechanism has long been associated with the SCC of copper alloys because of
the visible tarnish present on the surface of brass and copper in the so-called tarnishing ammonia
solutions /King et al. 2001, 2010/. Because crack advance occurs by fracture of the pre-formed
oxide, cracking is likely to be discontinuous in nature (since it would seem unlikely that the crack
would arrest within the brittle oxide film rather than at the film/metal interface). The crack velocity
is given by /King et al. 2001, 2010/

1/n
V—c(gﬂ] 3-3
€c

where C and n are constants describing the kinetics of tarnish growth, with n = 2 for parabolic kinetics
and n = 3 for a cubic growth law.

Film T
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Figure 3-3. Schematic illustration of the tarnish-rupture mechanism for stress corrosion cracking /Jones 1992/.
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Tarnish rupture has been proposed to account for the SCC of pure copper by the following authors:

1. /Uchida et al. 1991/ in 1 mol/L nitrite solution at pH 7.3-7.5. As noted above, the authors were
unable to distinguish between film rupture and tarnish rupture mechanisms. Transgranular crack-
ing was associated with the presence of a tarnish film, occurring at potentials near the Cu,O/CuO
equilibrium line. It remains unclear, however, why rupture of the oxide would occur preferentially
in the body of the grain, rather than at the grain boundary.

2. /Escalante and Kruger 1971/ in 0.025 mol/L cupric acetate solution. Intergranular cracking was
believed to be the result of the cracking of a Cu,O film.

3. /Suzuki and Hisamatsu 1981/ in dilute (0.05 mol/L) ammonia solution. Transgranular cracking of
pure (99.999%) copper occurred under conditions where an adherent Cu,O film formed, but not
at higher ammonia concentrations where the film was only poorly adherent. As noted above, for
tarnish rupture to explain transgranular cracking, there must be some mechanism by which the
oxide grows preferentially, or is more-easily fractured, in the body of the grain rather than at the
grain boundary.

The environmental requirements for the tarnish rupture mechanism are similar to those for film rupture.
A film or tarnish must clearly be present and has been associated in the literature with the formation of
Cu,0 in ammonia, nitrite, or acetate solutions. Such a film is present under a wide range of pH condi-
tions in aqueous solutions (Figure 3-2). Cuprous oxide will be stable during the aerobic period in water
(Figure 3-2) and dilute CI solutions (Figure 3-4), but becomes increasingly soluble with increasing
[CI], requiring a higher pH to stabilise the film. Cuprous oxide is only thermodynamically stable for
potentials more positive than the Cu/Cu,O equilibrium line. Theoretically, no oxide film will be present
in O,-free water, but the kinetics of oxide dissolution will determine at what stage the surface becomes
free of oxide as the repository redox conditions become more anaerobic.

In the repository, therefore, the surface will only be covered by an oxide for a limited period of time,
starting initially and ending at some stage after the consumption of all of the oxidant (O, and Cu(Il)).
Dissolution of the oxide and the development of a film-free surface will be promoted by increasing
salinity of the bentonite pore water as the repository saturates with groundwater.

There is some question about whether a Cu,S film could play the same role as Cu,O in promoting
SCC via a tarnish rupture (or, indeed, film rupture) mechanism. There are analogies to the system
copper-water-sulphur in other metal-environment systems that make it difficult to exclude the pos-
sibility of SCC. For example, SCC of copper occurs in slow strain rate testing in gaseous halogens,
as discussed later on in the context of the surface mobility model, and there is no evidence that Cu(I)
halide formation under those conditions is especially rapid compared with the rates reported for
sulphidation of copper in mM-strength sulphide solutions /Smith 2007/. However there is no infor-
mation on such cracking under static loading — one can anticipate greater difficulty of SCC in a pure
metal under static loading than in an alloy, where there is always the possibility of some selectivity
of oxidation and the slip characteristics are often more favourable for SCC (coarse rather than fine
slip). Moreover, sulphidation of copper does not always produce a well-adhered or protective film.
Once a small crack is present, the continuing reaction on the walls and external surface exacerbates
the diffusion limitation for sulphide reaching the tip. In principle, crack propagation in such a situ-
ation is impossible if the free-surface reaction is already under sulphide diffusion control, since no
sulphide can reach the crack tip. Finally, since sulphidation of copper involves little or no dissolution
— at least in highly diluted solutions — and involves a volume expansion, this is not a favourable situ-
ation for SCC under static loading from residual stress. There will always be a compression induced
by the intergranular sulphidation that will tend to counteract the externally applied stress. Some
might argue that instead there will be a wedging effect — this requires that the crack walls continue
to sulphidise and press against each other. But in one well-studied case where such a ‘tarnishing’
mechanism of SCC occurs — the so-called SICC or strain-induced corrosion cracking of steel in
hot water, the induced compression effect from the iron oxide film strongly hinders cracking, unless
there is an applied dynamic tensile strain /Heldt and Siefert 2000/.

Ongoing work at the University of Toronto is examining the selectivity, if any, of copper sulphida-
tion to grain boundaries and deformation features. Again, even such subtle penetration into the
material will be hindered if the sulphidation reaction is under aqueous-phase diffusion control.
According to /Smith 2007/, the films are in a critically stressed state, such that in identical experi-
ments — especially under free-corrosion conditions — one may obtain either a relatively protective or
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Figure 3-4. Potential-pH diagram for the Cu-CI-H,0 system with Cu;O and CuO as the stable solid
oxides /King et al. 2001, 2010/. Figures are shown for CI concentrations of (a) 0.001 mol/L, (b) 0.01 mol/L
(c) 0.1 mol/L, and (d) 1 mol/L. Equilibria between solid and dissolved species (solid lines) shown for a
total copper activity of 10°° mol/L. The upper and lower dashed lines represent the stability field of water
and denote the evolution of O; and of H,, respectively.

a completely unprotective film. The protective type of film is more dangerous, because it removes
the mass transport limitation for the free surface and crack wall, focusing the attack on the crack tip.

Phosphorus segregation to grain boundaries may exacerbate any tendency for sulphidation to localise
and create cracks or intergranular fissures. Not much seems to be known about this possibility. Since
phosphorus reacts with water spontaneously, this also represents a remote possibility for SCC in
anaerobic conditions without sulphide, although the grain-boundary coverage of phosphorus is probably
not high enough for such a mechanism to operate. One can imagine that P would have to somehow form
a percolating network in the boundaries, and even then the kinetics would be slow because the copper is
not reacting and the resulting fissure is unreasonably narrow.

The recent report of sulphide-induced SCC of copper in slow strain rate tests /Taniguchi and Kawasaki
2008/ is not surprising. SCC occurred under very severe mechanical conditions and in relatively strong
sulphide solutions (>0.005 mol/L). The cracks appear to have formed near the end of the tests; similar
cracking could probably have been produced in many different environments. The key is the ability
of such cracks to continue growing under static loading after having been initiated by slow straining.
Perhaps the Taniguchi cracking is really just an example of “SICC”. In fact, even the well-known
SCC of copper in nitrite solution is very dependent on dynamic straining, as shown by /Sieradzki

et al. 1984/. But perhaps “SICC” is mainly a phenomenon that occurs when cracks are trying to grow
transgranularly, and intergranular SCC is more facile in the long term — such considerations are at the
limit of present understanding of SCC.
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3.3 Film-induced cleavage

The film-induced cleavage model of SCC /Sieradzki and Newman 1985, 1987/ arose from a prior
history that began with the work of Edeleanu and Forty around 1960 /Edeleanu and Forty 1960/, and
continued with the work of E.N. Pugh and others on cleavage-like transgranular SCC (T-SCC) /Beavers
and Pugh 1980, Pugh 1985/. All these authors believed that T-SCC, occurring under strongly anodic
conditions or in noble-metal alloys (including brass) could not be due to purely anodic processes,
but must involve periodic brittle fracture of the substrate. Initially both Edeleanu and Forty and Pugh
believed that some kind of bulk embrittlement was involved (Figure 3-5), with short-range order and
hydrogen absorption being suggested as causal factors. But eventually the view solidified that each
small cleavage event must be triggered by a thin surface layer with special mechanical properties.
De-alloying and its associated nanoporosity became the focus of further research into how such “cleav-
age” (or brittle intergranular fracture) of fcc metals was possible, since the most spectacular examples
of T-SCC were in systems (brass, austenitic stainless steel, Cu-Au) where a correlation of SCC with
de-alloying could be demonstrated or at least postulated /Barnes et al. 2008, Kelly et al. 1991, 1993,
Newman 2002, Newman and Saito 1993, Newman and Sieradzki 1987, Saito et al. 1993, Shahrabi and
Newman 1989, Shahrabi et al. 1993, Sieradzki et al. 1987/. It was recognised, of course, that T-SCC
of pure copper in nitrite solution could not be due to de-alloying, and in the paper that showed the
first detailed fractographic study of this phenomenon /Sieradzki et al. 1984/ it was suggested that an
oxide with special mechanical properties might be responsible (Figure 3-6). This was not a particularly
satisfactory suggestion, and later on /Sieradzki and Kim 1992/, working with pure copper in an acetate
solution, referred to porosity, analogous to that formed by de-alloying, even in this pure-metal system.

The use of the term ‘cleavage’ reflects a view, or prejudice, drawn from Pugh’s work on brass. Pugh
thought that intergranular SCC was a continuous, “bond-by-bond” process, and that only T-SCC
involved the brittle type of fracture. This might be true for brass, but in gold alloys the most spec-
tacular film-induced fracture is intergranular /Kelly et al. 1991, Saito et al. 1993/, although cleavage
can be obtained under certain conditions or in monocrystals /Barnes et al. 2008/ (Figure 3-7).

The work of Aaltonen and others on internal friction /Aaltonen et al. 1998, Jagodzinski et al. 2000/
is relevant here, since whatever one may think is the origin of their Hasiguti peaks' after oxidation
of copper in nitrite solution, there is clearly some special surface process that occurs in the potential
range where SCC is observed.

Not all authors agree with the prime role placed on de-alloying (or other means of generating a
brittle surface layer). According to /Flanagan et al. 1993/, any kind of corrosion, not necessarily
involving a surface film, can generate microcleavage. Their model is interesting and very general,
but their views may have been unduly influenced by the supposed observation of SCC of CuAu
alloys below the critical potential for de-alloying, a result we now know to be incorrect /Newman
and Senior 2010/.

T-SCC of copper is possible in some other environments when the copper is highly cold worked
/Shirai et al. 1982/ 2.

Peaks in internal friction due to thermal unpinning of dislocations from point defects; in the case of the
Aaltonen work, the latter are proposed to be vacancies injected by corrosion.

2In 1987, Roger Newman was asked to serve as an expert witness in a legal case, in which hard-drawn, mainly
stranded overhead copper conductor wires had failed in a rail tunnel. The fractures resembled fatigue, but the
necessary cyclic stress was hard to identify. Colleagues located quite an extensive Japanese literature that had
followed a series of similar failures on the Shinkansen or high-speed rail network in Japan. In that particular
case the problem was solved by removing plastic sheathing that had allowed polluted rainwater to collect on
the wires. The cracking could well have been due to ammonia in practice, but in lab testing it was shown that
prolonged immersion of bent conductor samples in dilute sulphuric acid would lead to T-SCC. As recalled

20 years later, the protocols that were followed were not particularly rigid, and it cannot be excluded that the
pH increased (by corrosion) until a Cu20 film could be formed, which occurs at or above ca. pH 3 in CuSO4
solution. Nevertheless, this type of cracking is interesting, since it involves no complexants and (potentially at
least) no surface film, yet T-SCC occurred. Whether or not this phenomenon was due to film-induced cleavage
is unclear.
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One thing we can be sure of is that film-induced cleavage of copper cannot occur under anaerobic
conditions. It also appears unlikely in a reducing but sulphide-containing system, since a sulphide
film is poorly adherent and thus not a particularly suitable nucleating layer for cleavage.

Films other than oxides or de-alloyed layers have been implicated in T-SCC propagation. The T-SCC
of carbon steel in anhydrous ammonia or anhydrous ammonia-methanol solutions occurs under
relatively mild conditions and is clearly not due to hydrogen; it was suggested /Newman et al. 1992,
Procter et al. 1992/ that a thin nitrided layer was responsible for periodic cleavage nucleation. The
role of oxygen in such cracking would then be to provide the necessary oxidising potential so that
ammonia can be oxidised to nitrogen atoms. There does not appear to be any analogous interstitial
embrittlement that could operate in copper.

Cracking analogous to film-induced cleavage can be obtained by ultra-high strain-rate deformation
of copper; microcracks initiate at the bottom of dimples on the fracture surface, near second-phase
particles /Petit and Dequiedt 2006, Zurek 1987/. However, the necessary high strain rate would not
occur on a canister in the repository.

In so far as film-induced cleavage involves nanoporous metallic layers, it is an inherently rather
rapid cracking mechanism. Open nanoporosity in a metal such as copper (which does not have a
particularly high melting point) is unstable and will coarsen by surface self-diffusion. Such coarsen-
ing destroys the ability of the nanoporous layer to inject a crack. As a result, cracking tends to occur
rapidly, or not at all. Oxides have a high melting point and the surface mobility is low, so the ‘self-
annealing’ effect seen with the nanoporous metal is less likely. However, we have no data one way
or the other (apart from the empirical observation of SCC in nitrite) to suggest whether film-induced
cleavage involving an oxide film could be a slow, long-term SCC mechanism. Generally the belief
of those working in this field is that there is something exceptional about nanoporous metals with
regard to crack injection, and recent advances in the understanding of the extraordinary mechanics
of de-alloyed materials (near-theoretical strength in compression, for example) tend to confirm this
view /Weismiiller et al. 2009/.

Kinetic formulation of the film-induced cleavage model

Here we consider cleavage (or brittle intergranular crack) nucleation by a nanoporous metallic
layer, but certain oxides could equally well suffice; however these do not induce tension (as the
nanoporous metal does by its thermodynamic tendency to shrink by surface diffusion), so they will
not be associated with easy, well-known cases of SCC.

The simplest case is just a refinement of the slip-dissolution or film-rupture model that nowadays is
mostly associated with Ford and Andresen /Andersen and Ford 1988/ and Shoji /Lu and Shoji 2006/.
In that model we write the crack velocity v as:

y = j itydr | -2 3-4
0 zFprt

with
&,

i 3-5
&,

C

where i(?) is the anodic current density transient on the bare metal surface at the crack tip, 4 is
the atomic weight of the metal and r its density, z is the number of electrons transferred per atom
dissolved, and t is the interval between film rupture events which is the fracture strain of the
film, ey, divided by the crack-tip strain rate, &,.

Let us assume (a) that all the anodic charge goes into the formation of a nanoporous metal layer of
thickness /% ; and (b) that there is a critical nanoporous film thickness /* that is required for cleavage
nucleation. To get the layer thickness from the current density transient we need a correction factor
a; this recognizes that we are not oxidizing all the metal when we create the layer.

Thus for a depth of chemical attack, L, on each film rupture event, where
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0 zFp 3-6
that is less than h*, we revert to slip-dissolution or ‘film rupture’ but with the film being the
nanoporous metal.

But for L > h*, we suppose that the crack jumps ahead a distance H by purely mechanical fracture.
If H>> L, the crack velocity is simply

y=— 3-7

T
The first refinement, in line with the experimental observations of /Edeleanu and Forty 1960/ and
/Beavers and Pugh 1980/, is to note that the crack jumps further, though much less often, at lower
stresses. This could be an effect of stress, but it is more likely to be an effect of greater layer thick-
ness at the moment of the crack jump. So, for # > h*,

H=Hh) 3-8
and
Hh
v :L 3-9
T

Rather than postulating a critical layer thickness 4% we could also consider that H is a continuous
function of 4 even at small / — this is more convenient mathematically, but we do not know what the
function is.

A second, very difficult, refinement, is to include the induced elastic stress and strain (effectively,

a contribution to &) from the layer formation. Generally this will be tensile for a de-alloyed layer
and compressive for an oxide. We do not know how to do this, but experiments using foil bending
to measure the stress are possible. Essentially, for a dealloying system the crack tip strain rate due to
creep, or to the crack extension itself, becomes less important, and cracking becomes easier under static
loading; conversely cracking becomes more difficult for an oxide system as postulated for copper.

An important, but again very difficult, modification would address the ageing of the surface layer.
Nanoporous metallic layers age by surface diffusion and lose their ability to nucleate brittle cracking.
Generally, the kinetics of ageing, expressed as pore or ligament size / as a function of time, are of the
form:

[~ 3-10

as for any process dominated by interfacial diffusion. If we postulate a critical ligament size /* above
which crack injection cannot occur, then we can see that with time, the layer will develop an inner
part that might inject a crack (depending on crack-tip strain rate etc.), and an outer, coarsened part
that plays no role in crack injection. For de-alloyed layers, the layer growth kinetics are rather linear,
or at worst parabolic On the assumption that they are linear, then the rate constant for the coarsening
of the porosity, k¢, which is related to the surface self-diffusivity of the metal, and the rate constant
for the layer growth, kg, jointly determine how much of the layer is available for crack nucleation at
any moment.

It is impossible to make further progress on the possibility of film-induced cleavage (FIC) in pure
copper without straying into speculation, but the main conclusions are

— FIC is highly unlikely from a sulfide film of the type usually discussed.

— FIC has been postulated to occur in copper during anodic dissolution at the crack tip, but this is a
specialized case and not pertinent to SKB’s concerns.

— A kinetic formulation of FIC is possible but has a number of unknown parameters.
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Figure 3-5. Schematic of T-SCC crack propagation in brass by /Beavers and Pugh 1980/, published at
the time when Pugh still believed that some form of bulk embrittlement was responsible for the brittle
microcracking. Nowadays we would draw a similar diagram, but with a brittle film coating the crack.

Figure 3-6. Striated fracture surface of copper after slow strain rate testing in sodium nitrite solution
/Sieradzki et al. 1984/, suggesting a discontinuous, brittle mode of crack growth (crack growth top to bottom).
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Figure 3-7. Film-induced cleavage of Ag-23 at.% Au after de-alloying in aqueous perchloric acid /Barnes
et al. 2008/.

3.4  Surface mobility
The model and criticisms of its scientific basis

This model was introduced by Galvele in 1987, and occasionally updated or applied to particular
topics such as nuclear materials /Galvele 1987, 1993, 1996, 2000/. It postulates that a crack tip under
stress captures vacancies, not from the bulk of the material but from the surface — or to put it another
way, surface self-diffusion of metal atoms away from the crack tip grows the crack (Figure 3-8).
Obviously there are similarities between such a process and creep crack growth. The questions are
whether the model is correctly constructed and whether it uses the right stress? Are the parameters in
the model reasonable?

According to Galvele, the crack propagation rate (cpr) is given by:

D, o.a
cpr—L exp T -1 3-11

where Dj is the applicable surface (self) diffusivity, L is a diffusion length along the crack flank
(Galvele always uses 10~® m for this), s is the opening stress at the crack tip and a is the atomic size
(approximate volume of a vacancy).

One can argue about the assumption of an extremely sharp crack that is inherent to the model, or
about capillary effects that would tend to close up such a crack, or about the value of stress that has
to be used to fit the data, but the main controversy concerns the basic energetics of the calculation.
Since the reduction in vacancy formation energy due to tensile stress (sa’) is in the argument of an
exponential, the model could be extremely vulnerable to any error in the formulation of this quantity.
According to /Sieradzki and Friedersdorf 1994/ there is an elementary error: sa’ is only appropriate,
as originally formulated by /Nabarro 1948/ and /Herring 1950/, for the interior of the solid.
Sieradzki recently summarised his argument as follows (private communication):
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“In his formulation for the vacancy concentration at the crack tip the argument of the exponential
is a stress (at the crack tip) x atomic volume/kT. Since the crack is a free surface the energy term
should be should be (stress)? x atomic volume divided by 2EkT where E is Young s modulus. The dif-
ference [between the proposed formulation and that for a free surface] in the vacancy concentration
then is a factor of stress/2E, in the argument of an exponential!”

As early as 1993 (but in a paper inaccessible to Sieradzki and Friedersdorf), Galvele clarified that he
was actually assuming that the sink for the vacancies was ahead of the crack (see Appendix A). This
appears at first sight to destroy the surface mobility model, or turn it into a vacancy injection model
where surface diffusion is not the rate determining step, but Galvele got around this difficulty by
assuming that SCC cracks are atomically sharp, so that the diffusion in the solid lattice might only
have to proceed for a few atom spacings. This conflicts with most continuum mechanics solutions
for cracks in metals, whether moving or static.

The remainder of this discussion assumes, for the sake of argument, that this apparently fatal flaw
might be overcome. /Sieradzki and Friedersdorf 1994/ assumed (having only read the 1987 Galvele
paper) that he was talking about a stress acting parallel to the crack-tip surface. Indeed, in that case,
their assumption of equilibrium vacancy concentration on the crack flank might be erroneous, as this
is generally a corroding or at least a dynamic interface.

This issue of the energetics of a Galvele type of model is not closed. The science of crack-tip mechanics
and geometry, for moving cracks, is still under development. The stress corrosion community, under the
leadership of R.W. Stachle, has recently started to debate the question — “why are SCC cracks so sharp?”’
/EPRI 2007/. If we do not understand that, it seems possible that we do not understand what energy
term, exactly, should go into the crack propagation rate equation — or, possibly, the actual stress at a
crack tip may be closer to £/50 than £/500, so that the error is not as large as Sieradzki indicates. In fact,
for most conditions of interest to us, the exponential is nearly linearised, so the factor by which Galvele
overestimates the crack velocity is only 2E/s which is a few thousand at most (neglecting the serious
capillary-closure problem for tight cracks that is also identified by Sieradzki). In Appendix A we analyse
Galvele’s responses (we believe, not entirely adequate) on this issue.

When /Sieradzki and Friedersdorf 1994/ take into account the capillary effect and work with chemical
potentials instead of concentrations, they obtain the following equation:
2

2
DNQ2 1 o 3-12

V = = (2w
! kT 7Z'p2(2E 7)

where V, is crack velocity, N, the number of atoms per unit area of surface, W is the volume of a
vacancy (the same as a?), p is the crack-tip radius and k is the corresponding curvature (1/p); v is the
surface energy. Clearly the crack closes up by capillary action if the term in the brackets becomes
negative, and when it is positive there is a (large) value of r for which the velocity is maximised. y
is around 1.5 J/m? for bare metal in electrolyte. Sieradzki obtains very low crack velocities with this
approach, and of course it points out a fundamental problem with Galvele’s treatment, that he needs
very sharp cracks for his model to work, but such cracks are unstable.

Whilst it is true that the Galvele model is a kind of creep model, the fact that it applies to the crack-tip
and nearby surfaces, rather than occurring in the bulk of the material, creates distinctive features.
Neither is nucleation discussed in the Galvele model, as it is — extensively — in the creep literature. One
can point to well known papers on creep cavity nucleation and growth /Davanas and Solomon 1990,
Raj 1978/ and postulate a relation between the grain-boundary transport of atoms in such models and
the surface transport postulated by Galvele (the former is much slower of course), but such analogies
are not exact, neither is the stress state the same. Importantly, though, such models do contain capil-
larity, and as a result sharp cracks cannot exist — something that Sieradzki considers a major flaw in
Galvele’s treatment. Of course there is no analogy in such models to transgranular SCC.

In our further discussion we shall assume, just for ultimate conservatism, that the capillary argument
can be circumvented somehow, so that we just need to correct equation 3-11 by using the right
expression for the vacancy formation energy.
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Surface diffusivities

Clearly the surface mobility model, since it relies on a kind of creep, does not require an oxidising
environment, or any environment at all. But since D; values are relatively low for bare engineering
metals, Galvele relies on contamination of the surface to increase D, citing the ultra-high vacuum
(UHV) studies of Rhead on copper surfaces contaminated with halogens /Delamare and Rhead 1971/
(incidentally Rhead worked nowhere near room temperature — the lowest temperature for which
he gives data for clean copper is 700°C; he shows data down to 400°C for halogen-contaminated
surfaces). Since the advent of the STM and AFM, there is a huge amount of new information on
surface diffusion, including studies performed in situ in electrolytes /Baier et al. 2002, Dofia and
Gonzalez-Velasco 1992, Giesen 2001, Martins et al. 1996, Trevor and Chidsey 1991, Vasiljevic et al.
2006/. Amongst other things, this literature shows that the surface diffusion mechanism, as well as
the rate, changes as we vary the metal, crystal orientation, environment or potential. For example,
on copper the adsorption of chloride actually hinders diffusion of adatoms across terraces /Baier

et al. 2002/ (Rhead refers to this as ‘skating’, where metal atoms diffuse on top of an adlayer of Cl
or CuCl), but dramatically enhances the mobility of step edges.

The D, value becomes something of an adjustable parameter in many publications on surface mobility,
but there does seem to be a correlation between D, and cpr, even though some of the assignments are

a little contrived. Generally, Galvele estimates D, from the melting point of the surface compound that
is assumed to be present at the crack tip, using an established correlation. If one takes the relevance of
Rhead’s work at face value, this is reasonable for gaseous systems with low pressures of halogen, but it
is hard to interpret such a procedure where there is massive 3D compound formation. In that case one
has to imagine metal atoms diffusing along an interface between the compound and the metal.

So far, the Galvele group seems to have overlooked an observation that might help the feasibility of
the surface mobility concept — that D, values can be higher by orders of magnitude in electrolytes
than in vacuum, even for a noble metal (gold) in perchlorate solution where there is no specific
adsorption of anions. /Dursun et al. 2003/ report a value for D, (Au) of 2 x 107! cm?/s in plain aque-
ous perchloric acid at ambient temperature, increasing to 8 x 107! cm?/s in the presence of iodide
ions (both these values were for dealloyed AgAu alloys, so not strictly for pure Au). Even higher
values were reported by /Dofia and Gonzalez-Velasco 1992/ for smoothening of roughened gold

in perchloric acid: 3 x 1075 to 2 x 107" cm*/s. Much lower values are obtained in dry experiments
/Porath et al. 1995/. However, it is not so evident that this electrolyte enhancement occurs on copper.
/Martins et al. 1996/ quote 7 x 1077 cm?*/s for copper in sulphuric acid containing copper ions (this
was a rather complicated experiment carried out on a platinum electrode, and distinguishing between
the anodic stripping behaviour of Cu atoms bound to Cu and Cu bound to Pt). On the other hand,
one Rhead publication /Barthes and Rhead 1978/ gives D; for Cu in vacuum at room temperature as
10" cm?/s. Even higher values have been reported or can be extrapolated, such as 7 x 1075 cm?*/s

/Gontier-Moya et al. 2004/.3 With an activation energy of ca. 72 kJ/mol, and given that nuclear waste
canisters are warm — say 350 K — the most conservative approach would dictate using a vacuum
value of Dy of about 3.5 x 107!* cm?/s. The corresponding value for electrolyte, from Martins, and
assuming the same activation energy, would be 3.5 x 105 cm?%/s.

*The value of Ds changes markedly when there is any oxidation of the metal, even monolayer oxidation or OH
electrosorption. On metals such as gold, this is manifested as a reduction in Ds occurring above a particular,
relatively oxidising potential, and it is easy to make Ds estimations below this potential and to show that Ds

is enhanced by the electrolyte. For copper, however, the formation potential of CuOHads is very negative, so
much so that CuOH can form by reaction of a copper surface with water /LaGraff and Gewirth 1995/. In that
situation, it is not self-evident that the usual enhancement of Ds by electrolyte will occur — there could even

be a reduction. Incidentally, reaction of copper with water to produce hydrogen has been proposed to be a
continuing process that can lead to long-term corrosion in an anaerobic waste repository (without sulphide)
/Szakalos et al. 2007/, but the only way we can see any hydrogen being produced is if the monolayer oxidation
of copper somehow masquerades as a bulk corrosion process. This can happen if the copper is available as very
small nanoparticles, so one could postulate that initial acrobic corrosion followed by oxygen consumption and
disproportionation of Cu(I) produces such particles in high yield; they subsequently corrode to ‘CuOH’ (the
adsorbed, 2D version) until suitable sites are used up. This is not a continuing, long-term corrosion process that
should cause any concern, although it certainly deserves attention.
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Effect of strain rate on crack velocity in slow strain rate tests

According to Galvele, the effect of strain rate on crack velocity in slow strain rate tests is entirely
due to variation in the stress at the tip of the crack; none of the other quantities in equation 3-11 are
considered to vary with strain rate. Therefore, since some systems show a 2 or 3 orders of magnitude
increase in crack velocity over the applicable range of strain rates /Serebrinsky and Galvele 2004,
Serebrinsky et al. 1999/, there has to be a corresponding increase in stress. Since the argument of the
exponential is small, even for large stresses, the exponential is close to linear, and a large variation
in crack-tip stress is required over the studied range of strain rates — not 3 orders of magnitude, but
much larger than is normally thought to exist according to elastic-plastic fracture mechanics.

Passive systems

For systems showing simple passive-film (oxide) formation, Galvele rationalises the absence of SCC
by quoting evidence for growth of such films by inward anion (oxygen) migration — thus no vacan-
cies are generated at the metal-film interface. But there are plenty of metal-electrolyte or metal-gas
systems where film growth does occur mainly by cation migration, so such systems should show
SCC. Perhaps they do — no-one has done a systematic study. Of course, anodic SCC mechanisms
have a much more natural rationalisation — in the passive state, and with rapid repassivation of bare
surfaces, the environment is excluded from the metal.

Metal/metal-ion equilibrium systems

An interesting development in the surface mobility model came about through the observation of
SCC in alloys, at or close to the equilibrium potential of the more noble alloy component. Actually
this was not a new observation at all /Bertocci et al. 1984, Sieradzki et al. 1987/, but the resultant
cracking from film-free, “uncontaminated” surfaces prompted an appeal to the exchange current
density as a factor likely to enhance surface mobility /Galvele 2000/. The following equation was
derived:

D - i,N An’a’
’ 6F

where iy is the exchange current density, N4 is Avogadro’s number, A4 is the atom fraction of base

(reactive) metal atoms in the alloy (this was called AF in the original paper), » is a kind of dimen-

sionless distance or average hop size, a is the atom size, and the 6 arises because this is the number
of neighbouring sites in a close-packed plane.

3-13

Eventually SCC, at a very low rate, was observed in pure copper and silver, close to equilibrium in
solutions of their own salts /Farina et al. 2005/. For copper, the solution used for SCC testing was
Cu(II) nitrate — actually a solution in which copper is not at equilibrium — if it tries to reach the Cu/Cu™
equilibrium potential, it would be corroding, slowly, to Cu,O as can be seen from the Pourbaix diagram
for Cu-H,O (Figure 3-9). Galvele never examined acidified solutions of copper salts where a bare
metal surface, and a true equilibrium, exists. However the result for silver is reasonable evidence that
such cracking from a bare metal surface close to the equilibrium potential is feasible.

As usual, there are alternative explanations for the data. No current measurements were reported, but
it is quite likely that a straining metal or crack tip at its nominal equilibrium potential will sustain
an anodic current. This was a topic that used to be debated many years ago but has become inactive
lately. Galvele himself, in his 1993 reworking of the surface mobility model /Galvele 1993/, argued
at length that such a mechanism could not account for SCC, but he was not thinking of a system with
a crack velocity as low as 107'° m/s, as was observed for pure silver in his later work.

Actually if the Galvele group had used acidified copper sulphate solution to examine SCC of copper,
they could have used the Dy estimation of /Martins et al. 1996/, namely 7 x 107 cm?/s (7 x 102! m?/s).
With a generic stress value of say 300 MPa, this could give a crack velocity in the region of 2 x 10712 m/s
according to Equation 3-11.
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Copper, with or without sulphide ions

For copper exposed to a very dilute sulphide-containing solution, the situation is somewhat different.
The reaction of interest is solid-state sulphidation; there is little or no dissolution — although soluble
complexes do exist, and may become significant in relatively concentrated sulphide solutions /Smith
2007/. The melting point of Cu,S is almost the same as that of copper metal — about 1,100°C — with
some variation due to variable stoichiometry, so it is not one of those compounds that would be
expected to give rapid SCC according to surface mobility. It should not change the cracking propen-
sity as compared with unreacted, bare copper.

So what about the situation that is usually considered to be perfectly safe for copper, namely a reduc-
ing environment without even sulphide to cause an anodic reaction? What would be the prediction of
the surface mobility model in that case?

Since the canister will not be actively loaded in a manner that could cause huge stresses at the crack
tip (we are following the argument of /Serebrinsky and Galvele 2004/ — in reality there may be

no such dependence of crack-tip stress on strain rate), it is safe to assume that the stress could not
exceed about 300 MPa, which is about the ultimate tensile strength of mildly cold worked copper.
Substituting this into equation 3-11, with 7= 350 K, D, = 3.5 x 10"'7 m?/s (most conservative
vacuum Dy value), a = 2.7 x 101 m, L = 10® m, we obtain a cpr of 8.4 x 10 m/s — which is high to
say the least (264 mm/year). Using the extrapolated Martins diffusion data /Martins et al. 1996/ for
electrolyte (sulphuric acid), we obtain 2.6 mm/year.

Obviously, the surface mobility model could never be used to rule out SCC because it will always
predict an unacceptable crack propagation rate, even under reducing conditions and in a ‘non-
interacting’ electrolyte. But what we can say is that, were cracking to occur by surface mobility,
sulphidation should not affect the velocity.

So far as theory is concerned, if we use Sieradzki’s corrected expression for the change in vacancy
formation energy (s°a’/2EkT), in place of sa’/kT in equation 3-11, and using the same parameters as
we just used to get 264 mm/year, we obtain a cpr of 5.6 x 107> m/s or 175 mm/year. Because both
the exponentials are nearly linear (e* with small x), the ratio of these velocities is approximately
2E/s. Using the Martins electrolyte-diffusion data, we obtain 1.75 mm/year. However, it is not
sufficient to substitute Sieradzki’s modified vacancy formation energy — this was only one of his
problems with the model. He also argued as well that cracks sharper than about 1-10 mm would
close up owing to capillary effects. If we use Sieradzki’s modified crack-growth equation:

2

2
o,
y 2N 21 9, 3-14
kT x p° 2F
and substitute, where appropriate, reasonable or slightly pessimistic values for all the parameters:
Dy=10"m?s"!
]Vs = 1019 m—2
Q=3x10%m’

k=138x 10 m?*kg s? K!

T=350K
Gy, = 300 MPa
E =120 GPa
y=15]Jm?
L (05 )
— (—=
and maximise p°  2E 7 by placing its differential equal to 0 (which gives r = 6.5 mm, which

would be considered very blunt), then we obtain V,, about 4 x 10 m s!!

Clearly, the surface mobility model, correctly formulated as claimed by Sieradzki, cannot result in
failure of the canister by SCC over a period of one million years.
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Appendix B describes the application of the surface mobility model to the SCC of copper in gaseous
systems. It is concluded that whilst these are interesting cracking phenomena, they are much more
likely to be due to fast ion transport in oxides at grain boundaries (similar to “tarnish rupture”) than
to the usual form of the surface mobility mechanism

Vacancy generation Surface mobility

\\
.. Crack growth
: ( \) Contaminant . Metal atom . Metal ion |:| Vacancy
—

Figure 3-8. Crack propagation by surface mobility, according to Galvele.
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Figure 3-9. Detail of the Pourbaix diagram for copper, showing that in an unacidified system containing

Cu™, copper does not adopt an equilibrium potential; thus the observation of SCC of pure Cu in unacidi-
fied, aqueous Cu(NO3), solution /Farina et al. 2005/ is not an ‘equilibrium’ experiment.
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3.5 Other mechanisms

Adsorption-induced dislocation emission, crack-tip vacancy formation, and
other non-standard proposals

According to Lynch (private communication), ‘surface mobility’ can be harmonised with a mecha-
nism of crack growth /Lynch 2007/ wherein adsorption of species from the environment, including
hydrogen, facilitates dislocation emission from the crack tip. As he points out, both mechanisms
involve the weakening of bonds between metal atoms, and some proportionality between the resulting
crack growth rates might be expected. A strength of Lynch’s proposal is that it easily encompasses
liquid metal and hydrogen embrittlement, whereas these are treated a little vaguely in the surface
mobility model. Like Galvele, Lynch cites particular experiments showing very high crack velocities,
but with more justification, in that the cracking of nickel monocrystals in mercury or hydrogen does
seem to be a continuous process, without the crack jumps that can be demonstrated in at least some of
the conditions (e.g. AuAg, PdAg, AgCd), where Galvele claims a rapid, continuous crack growth.

From an energetic point of view, the Lynch mechanism, or AIDE (Adsorption Induced Dislocation
Emission) /Lynch 2007/ relies on the occurrence of intense plasticity within a very small volume
at the crack tip. This can lower the total energy of fracture, which is integrated over the whole
deformed volume around the crack.

A weakness of the AIDE mechanism used to be the insistence on a truly 2D interaction rather than
any 3D reaction mechanism. Nowadays, Lynch tends to accommodate a near-surface process zone,
although in the case of liquid metal embrittlement in immiscible systems, this must be very shallow.
An intriguing suggestion, based on first-principles calculations for Ga on Al, is that liquid metal
embrittlement (LME) systems are those in which there is alloying of the liquid metal into the first
one or two atomic layers of the substrate /Stumpf and Feibelman 1996/. Since surface alloying is
also known in vacuum deposition and in underpotential deposition of metals on copper and other
metals /Robert et al. 1996, Tersoff 1995/, this raises the interesting possibility that traces of Pb ions
could cause cracking of copper by an underpotential displacement reaction followed by a LME-type
cracking. Unlike other kinds of cracking, this would be positively assisted by the establishment of
reducing conditions. Fortunately Pb™ and similar ions do not appear to be present in the repository at
levels that could credibly cause such a cracking mechanism (e.g. ppm at least).

One of several ‘orphan’ SCC models is that of Aaltonen and others in Finland, based on internal
friction studies /Aaltonen et al. 1998, Jagodzinski et al. 2000/. These results are so surprising (much
more so, we would submit, than film-induced cleavage) that no other author has seriously addressed
them. Essentially, these authors showed that anodic polarisation of copper wires at room temperature
in a sodium nitrite solution, under conditions promoting duplex Cu(I)-Cu(ll) oxide formation,
produced defects that behaved like vacancies under the standard protocols used for internal friction
measurement. Later, /Aaltonen et al. 2003/ reported an increase in creep rate under similar condi-
tions. One’s immediate reaction is that even if such vacancies were to be produced, they must be
confined within nanometres of the metal-film interface, so how is it possible for this nm-thick layer
to dominate the internal friction response when the smallest sample dimension is 0.5 mm? Yet the
results are quite striking, showing Hasiguti peaks in the anodically treated samples. One possibility
(acting as devil’s advocate) is that there is an autoreduction or disproportionation of a thick oxide,
that produces metallic copper with a high defect density. Yet even in that case, the defected metallic
layer would be a tiny fraction of the total sample dimension. But we should certainly not dismiss
such observations. Most people do not know that oxygen has vast mobility in silver at room tempera-
ture, and something like that, rather than conventional vacancy diffusion, might be the answer. Still,
until the Aaltonen work receives a proper international discussion, it is likely to remain an interesting
curiosity. Of course this is partly the authors’ own fault — they could have examined oxides formed
by a variety of methods, reduced them, and so on. Their correlation between vacancy injection and
SCC is weak because it is so specialised.

In any event, the Aaltonen mechanism is one that should not operate at reducing potentials, unless
perhaps associated with a sulphide film.

Other authors have cited the formation of vacancies at crack tips without claiming direct evidence of
their formation, which is the unique aspect of the Aaltonen study. /Meletis and Lian 1995/ did interest-
ing work on copper SCC but there was no compelling cause-and-effect. The late Denny Jones used to
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cite vacancy formation during anodic dissolution, and carried out ingenious experiments with thin-film
bimetallic multilayers that were dissolved and then subjected to Auger depth profiling, claiming that
interdiffusion zones were present — the status of this work is unclear in view of the complexities of
such depth profiling /Jones et al. 1997/. In Appendix A, we note however that in its recently understood
formulation, the surface mobility model is really a vacancy injection model (since the site of vacancy
accumulation is assumed to be ahead of the crack tip, not at the crack tip surface), so some coming
together would be welcome.

3.6 Summary of mechanistic observations

The mechanisms considered above included:

1. Film rupture /Jones 1992/

2. Tarnish rupture /Escalante and Kruger 1971, Suzuki and Hisamatsu 1981/
3. Surface mobility /Galvele 1987, 1993, 1996, 2000/
4

. Film-induced cleavage or intergranular fracture /Newman and Sieradzki 1987, Sieradzki
and Newman 1985, 1987/

5. Adsorption-induced dislocation emission /Lynch 2007/
6. Vacancy injection and embrittlement /Aaltonen et al. 1998, 2003, Jagodzinski et al. 2000/

along with aspects of dissolution and sulphide film formation.

The conclusions are:

* The classic film rupture and tarnish rupture mechanisms require the presence of a Cu,O film and
sufficient crack-tip strain to either rupture the film to allow crack growth by dissolution or to
fracture the tarnish to promote crack growth /Jones 1992/.

» These classic mechanisms would only appear to be possible for a limited period during the evolu-
tion of the repository environment. The eventual onset of anaerobic and saline conditions in the
pore water will lead to the dissolution of a previously formed oxide /King et al. 2010/.

 Sulphide ions are unlikely to support either film rupture or tarnish rupture mechanisms in the reposi-
tory, not least because there will be no sulphide in the crack as the supply of sulphide to the free
surface will be diffusion limited through the compacted bentonite /King et al. 2010, SKB 2006/.

* The surface mobility model, as currently formulated, would predict a certain crack velocity for
copper with no chemical environment at all. Cu(I) sulphide has a melting point similar to that of
copper, so it would not be expected to influence the crack velocity on that basis.

» The surface mobility model appears to have been incorrectly formulated on at least two levels
/Sieradzki and Friedersdorf 1994/. First, the expression used for the reduction in vacancy formation
energy by stress is appropriate for the bulk solid, not a free surface. This, if corrected as attempted
by /Sieradzki and Friedersdorf 1994/, reduces the predicted crack velocities by about 2 orders of
magnitude. But Galvele claimed since 1993 that the vacancy sink was inside the solid, albeit only
a few atom spacings from the crack tip (justifying, on tenuous grounds, the use of the bulk-lattice
energetics), and that anyway a model based on the free surface vacancies should not be based on
equilibrium vacancy concentrations. However, consideration of the true radii of crack tips will
likely invalidate any such approach. Second, the model ignores a capillary term which in this type
of creep cracking would cause sharp cracks to close up. According to Sieradzki’s analysis, the crack
velocity in copper at 350 K should be vanishingly small.

» Observations of intergranular SCC in copper exposed to cupric nitrate solution, by the Galvele
group /Farina et al. 2005/, were not made under film-free conditions — a Cu,O film is formed,
and allies this (very slow) cracking more closely with film-rupture systems. Also such cracking
is likely absent under static loading.

* Film-induced cleavage is probably always operative with some kind of nanoporous metal layer
or hybrid oxide-porous metal interface. It is not out of the question to suggest that such porosity
could form in a sulphide system, but there is no evidence one way or the other. The sulphide film
itself is not likely a suitable initiating layer.

TR-10-04 29



30

The vacancy injection model of /Aaltonen et al. 1998, 2003/ is based on intriguing internal
friction measurements made on copper in nitrite solution. This deserves further attention, but
the nitrite system is in any case a peculiar one and it is improbable that anything similar could
happen in dilute sulphide.

The Lynch model is a “universal’ one, and according to /Lynch 2007/ might be related in a general
conceptual way to surface mobility, in that dislocation emission is more likely from a mobile surface
(but sulphide should make the surface relatively immobile). Again, such concepts are very seriously
based and deserve further attention.

The reported intergranular SCC of copper in sulphide solution /Taniguchi and Kawasaki 2008/
likely does not occur by any of these mechanisms, but by intergranular sulphidation (film-rupture
type SCC) under extreme mechanical conditions.

All known true SCC phenomena mechanisms in copper are very dependent on dynamic tensile

strain, especially the transgranular variants. This is likely also true of the recently discovered
‘sulphide-induced SCC’ of /Taniguchi and Kawasaki 2008/.
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4 Studies of the SCC of copper under repository
conditions

/King et al. 2001, 2010/ summarised a number of studies performed specifically to investigate the
SCC behaviour of copper canisters. These authors concluded that the probability of SCC of a Cu
canister will diminish with time as the repository environment evolves. Early in the evolution of the
repository, conditions may be at their most suitable for SCC as it is during this period that oxidant
will be available (in the form of O, and/or Cu(Il)), Cu,O films will be stable on the canister surface,
and the copper shell could be subject to strain as it deforms onto the inner cast iron insert under the
external swelling pressure and hydrostatic loads. Furthermore, although not discussed in detail here,
CI ions appear to have an inhibitive effect on the SCC of copper alloys, and the pore-water salinity
will be most dilute initially, prior to saturation of the bentonite by saline groundwater. Once the
copper shell has deformed onto the inner vessel and as the environmental conditions become more
benign, the probability of SCC is likely to diminish.

A number of other studies have appeared since the 2001 report and are summarised here.

Work in the Canadian nuclear waste disposal program has focused on experimental studies of the
SCC of OFP Cu in the three environments known to support cracking /Ikeda and Litke 2004, 2007,
2008, Litke and Ikeda 2006, 2008/ and the development of a predictive model /King and Kolar 2004,
2005, Maak and King 2005/. The major conclusions from the experimental work are:

1. except under the most aggressive conditions, OFP copper exhibits largely ductile behaviour in ammo-
nia, acetate, and nitrite solutions /Ikeda and Litke 2004, 2007, 2008, Litke and Ikeda 2006, 2008/,

2. only specimens covered by a visible surface oxide exhibited cracking and only at potentials and
pH values consistent with a Cu,O film /Ikeda and Litke 2004/,

3. the presence of Cl- ions inhibits the SCC of OFP copper /Ikeda and Litke 2004, 2007, 2008, Litke
and Ikeda 2006/, and

4. in nitrite solutions, the susceptibility to cracking decreases with increasing temperature /Ikeda
and Litke 2007/.

The observation that cracking is only observed at certain values of the potential and pH has been used
as the basis for a predictive model for the SCC of copper canisters /King and Kolar 2004, 2005, Maak
and King 2005/. Phenomenologically, cracking is only observed if the combination of the pH of the
bulk solution and the potential of the free surface lic above the equilibrium line for the Cu,O/CuO
couple (Figures 4-1 to 4-3). It is neither suggested in the model that a duplex Cu,O/CuO film is in
any way associated with cracking nor implied that the pH and potential outside of the crack indicate
conditions at the crack tip. Instead, the observations are used as a convenient method for predicting
the period during the evolution of the repository environment when the conditions at the external sur-
face of the canister could be suitable to support cracking. (Note: the apparent instances of cracking in
acetate solutions at pH 5.5 that lie below the Cu,O/CuO equilibrium line (Figure 4-2) are considered
to represent experimental scatter).

With this as a basis for the model, the prediction involves the estimation of the time dependence
of the corrosion potential (Ecorr) of the canister and of the interfacial pH. A modified version of
the Copper Corrosion Model /King and Kolar 2000, King et al. 2008/ is used to predict Ecorr and
the interfacial pH, the latter based on the gain and loss of OH- ions due to the various interfacial
electrochemical and precipitation/dissolution reactions at the canister surface.
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Figure 4-1. Comparison of the potential and pH dependence for the SCC of copper in 1 mol/L ammonia
solution with the equilibrium potentials for Cu/Cu,0, Cu;O/CuO, and Cu,O/Cu(OH), /King and Kolar

2004, 2005/. The range of potentials for SCC is taken from /lkeda and Litke 2004/.
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Figure 4-2. Comparison of the pH and potential dependence for SCC in 0.1 mol/L sodium acetate solution
and the equilibrium potentials for Cu/Cu;0, Cu;O/CuO, and Cu;O/Cu(OH), /King and Kolar 2004, 2005/
(SCC data from /Cassagne et al. 1990/). Cracking observed at pH 5.5 and 10.3 (full symbols), no SCC

observed at pH 3 (open symbols).
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Figure 4-3. Comparison of the potential and pH dependence for the SCC of copper in nitrite solutions with
the equilibrium potentials for Cu/Cu,0, Cu;O/CuQO, and Cu,0O/Cu(OH); /King and Kolar 2004, 2005/. The
various ranges for SCC are taken from; 1: /Uchida et al. 1991/, 2: /Yu and Parkins 1987/, 3: /Benjamin

et al. 1988/, 4: /Cassagne et al. 1990/, and 5: /Ikeda and Litke 2000/.
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Figure 4-4. Predicted time dependence of the corrosion potential and interfacial pH for a copper canister
in a Canadian-design deep geologic repository based on the Copper Corrosion Model for Stress Corrosion
Cracking (CCM-SCC) /King and Kolar 2005/.

Figure 4-4 shows the results of such a prediction for a copper canister in a Canadian deep geologic
repository of a similar design to that proposed in Sweden. The interfacial pH is initially high

(>pH 10) due to O, reduction on the canister surface and the homogeneous oxidation of Cu(I) to
Cu(1l) at the canister/bentonite interface. However, the interfacial pH drops quickly as the flux of
O, to the canister surface diminishes. The period of time for which the combination of Ecorr and
pH is greater than the Cu,O/CuO equilibrium line in Figure 4-4 is less than three years following
canister deposition.
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A secondary line of argument in the model is that the interfacial concentrations of SCC agents, namely
ammonia, acetate, and nitrite ions, are insignificant. Microbial activity is considered to be the only
source for these species since none is present naturally in Swedish groundwaters. Given the restrictions
on microbial activity in highly compacted bentonite /King and Kolar 2006/, the maximum interfacial
concentration of any of these SCC agents is predicted to be <10-'® mol/L, from which it is concluded
that SCC would not occur, regardless of the extent of tensile strain on the canister surface. Recent
measurements /Masurat et al. 2010/ suggest that some microbially mediated sulphate reduction is pos-
sible in compacted bentonite before the development of the full swelling pressure, although apparently
in amounts insufficient to cause SCC due to sulphide /Taniguchi and Kawasaki 2008/ and with no
reports of other SCC agents being produced.

A decision tree was developed based on this approach (Figure 4-5) /King and Kolar 2004, 2005, Maak
and King 2005/. The decision tree accounts not only for the need to meet certain Ecorr and pH thresh-
old values, but also takes into account the need for SCC agents, the inhibitive effect of CI, the effect of
temperature, and the need for tensile strain. A “no” answer to any one of the questions is sufficient to
preclude the possibility of SCC.

Work in Finland and Sweden has focused on studies of specific cracking systems. /Kinnunen 2006/
simulated the long-term anaerobic conditions in the repository and considered the possibility of SCC
in acetate solutions. Not surprisingly because of the absence of O, or Cu(Il), he failed to observe
any cracking during SSRT in saline groundwaters with the addition of 1-100 mg/L acetate. These
tests do suggest, however, that cracking is unlikely under anaerobic conditions, even during severe
mechanical deformation. /Khanzhin and Nikulin 2005/ examined the SCC of copper in 0.1 mol/L
NaNO, using a combination of acoustic emission, fractography, and fracture mechanics. The authors
were able to separate initiation and propagation stages and to estimate stress intensity factors and
J-integrals for the onset of each stage of cracking.

As discussed above, /Taniguchi and Kawasaki 2008/ have recently reported the SCC of pure copper
(with 45 ppm P) in synthetic seawater solutions containing sulphide. Experiments were carried out at a
temperature of 80°C with 0, 0.001, 0.005, and 0.01 mol/L HS-, added to solution as Na,S. Tensile speci-
mens were strained to failure by SSRT at a strain rate of 8 x 10~ s7!. The specimens were potentiostatted
during the tests at a potential equivalent to the open-circuit potential at the start of the exposure. Loss
of ductility was reported at a HS- concentration of 0.01 mol/L due to intergranular SCC. Only single
experiments were reported. From these data, the authors concluded that pure copper is susceptible to
SCC in sulphide solutions above a threshold concentration of between 0.005 mol/L and 0.01 mol/L. This
concentration is 2-3 orders of magnitude higher than that expected in a Swedish repository (Table 2-1),
suggesting that SCC is unlikely under repository conditions especially given that the interfacial sulphide
concentration will be close to zero due to mass-transport limitations.
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Figure 4-5. Decision tree for determining the susceptibility of copper canisters to stress corrosion

cracking /King and Kolar 2004, 2005/.
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5 SCC behaviour of copper canisters in a deep
geologic repository

There are a number of sources of information on which the long-term SCC behaviour of copper
canisters can be predicted:

1. Practical engineering experience with the use of copper alloys in corrosive environments.

2. A combination of mechanistic descriptions of the cracking process coupled with an understanding
of the environmental conditions to which the canister will be exposed.

3. Laboratory observations in model systems and inferences from analogous alloy/environment
combinations.

Practical engineering experience is a useful indicator of (relatively) short-term susceptibility to SCC,
but is generally difficult to extrapolate to the timescales of interest here. The general experience
would suggest that copper is only susceptible to cracking in aerobic systems containing significant
amounts of ammonia, nitrite, or acetate ions.

A combination of mechanistic understanding and knowledge of how the environment evolves with
time is much more amenable to long-term prediction. This approach is typified by the decision tree
outlined in Figure 4-5. However, in the manner that it has been applied up until now, this approach
cannot address questions such as “Is copper susceptible to SCC in systems other than ammonia,
nitrite, and acetate?” It is to answer questions such as this that studies on model systems and analo-
gies to other known cracking systems are useful.

Two periods are considered here; first, the initial aerobic period including the transition phase during
which Cu(ll) is reduced to Cu(I) and dissolution of the pre-formed Cu,O occurs and second, the
indefinite anaerobic period during which sulphide ions may be present in the near field.

The initial aerobic and transition periods are short enough that practical engineering experience, sup-
ported by a mechanistic understanding, is useful in predicting the SCC behaviour of the canister. It is
during this period that a number of, but not all, environmental conditions are favourable for cracking.
Oxidant is available as either O, or Cu(II), the surface will be covered by a Cu,O film, the CI con-
centration will be low, and the outer Cu shell may undergo dynamic strain as it deforms onto the inner
cast iron insert due to the imposition of the hydrostatic and bentonite swelling pressures (during the
latter stages of this period). However, the limiting factor will be the absence of any SCC-supporting
species, such as ammonia, acetate, or nitrite ions. If all appropriate environmental and mechanical
requirements are met, cracking is possible during this period via film rupture, tarnish rupture, or
film-induced cleavage mechanisms. As argued above, the formulation of the surface mobility model
is believed to be flawed and, in its correct form, would predict crack growth rates too small to be of
significance, even on repository timescales.

It could be argued that the absence of SCC agents is not a sufficient argument to discount the possibility
of cracking since other, as yet unknown, species may also support cracking. However, since the period
of practical engineering experience with the SCC of copper alloys (approximately 100—150 years) is
equal to or greater than the duration of the initial aerobic period, it is reasonable to claim that all species
known to cause rapid cracking of copper alloys have been identified.
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It is during the indefinite anaerobic phase that we cannot rely on practical engineering experience to
extrapolate the SCC behaviour over the very long term. In order to justify predictions over tens and
hundreds of thousands of years, we must rely not only on a mechanistic understanding but also our
basic understanding of cracking phenomena in other alloy systems. The questions to be answered are:

1. would the known mechanisms for the SCC of copper support cracking under anaerobic condi-
tions, particularly in the presence of sulphide, and

2. by analogy with other alloys systems, is there any other process or mechanism that could result in
SCC in the long term?

Both the film rupture and tarnish rupture mechanisms require dissolution and film formation in the
crack itself to sustain cracking. Under anaerobic conditions, the only oxidant present is H,O in the pres-
ence of HS ions. Cuprous oxide is not stable under these conditions and, as noted above, sulphide will
not be present in the crack since it is under diffusion-limited control to the free surface in compacted
bentonite. Therefore, SCC via either of these two mechanisms is not possible.

Sulphide films, typically being non-adherent /Smith 2007/, would appear to be unsuitable for sustaining
cracking by a film-induced cleavage mechanism. Furthermore, the development of the type of nanopo-
rous surface layer that does support film-induced cleavage requires relatively rapid rates of dissolution,
because otherwise the porous layer coarsens through surface diffusion. Once again, because the rate
of corrosion under anaerobic conditions will be transport-limited by diffusion of HS- through the
bentonite, it is unlikely that the necessary nanoporous layers will be formed.

As noted above, the formulation of the surface mobility model is considered to be flawed, such that
even if cracking does occur by this mechanism the rates will be vanishingly small, even on reposi-
tory timescales (~1072° m/s). Furthermore, based on a comparison of melting points, the presence of
HS" will not lead to more rapid surface diffusion and hence more rapid cracking.

We have also discussed two mechanisms that are still under development, the adsorption-induced
dislocation emission and vacancy injection and embrittlement models. Whilst both models are
plausible from a scientific viewpoint, there is no evidence that the presence of HS- would make
cracking more likely.

Therefore, we are left to conclude that there is no well-founded SCC mechanism that would result
in cracking during the long-term anaerobic phase in the repository.
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6 Conclusions

The possibility of stress corrosion cracking (SCC) of copper canisters in a deep geological repository
in the Fennoscandian Shield has been assessed. Each of the four main mechanisms proposed for the
SCC of pure copper, film rupture (slip dissolution), tarnish rupture, film-induced cleavage, and surface
mobility, have been reviewed. The required conditions for cracking for each mechanism have been
compared with the expected environmental and mechanical loading conditions within the repository.
Other SCC mechanisms currently under development have also been considered.

Mechanisms that require a degree of oxidation or dissolution are only possible whilst oxidant is
present in the repository and then only if other environmental and mechanical loading conditions are
satisfied. These constraints are found to limit the period during which the canisters could be suscep-
tible to cracking via film rupture or tarnish rupture mechanisms to the first few years after deposition
of the canisters. However, there will be insufficient SCC agent (ammonia, acetate, or nitrite) to sup-
port cracking during this period. During the anaerobic phase, the supply of sulphide ions to the free
surface will be transport limited by diffusion through the highly compacted bentonite. Therefore, no
HS- will enter the crack and cracking by either of these mechanisms in the long term is not feasible.

Cracking via the film-induced cleavage mechanism requires a surface film of specific properties, typi-
cally a nanoporous structure. Slow rates of dissolution characteristic of processes in the repository will
tend to coarsen any nanoporous layer. Under some circumstances, a cuprous oxide film could support
film-induced cleavage, but there is no evidence that this mechanism would operate during the long-term
anaerobic period because copper sulphide films appear to be insufficiently adherent.

A critical review of the surface mobility model has been presented. The formulation of the crack growth
law appears to be flawed and in its corrected form predicts crack growth rates of the order of 10° m/s.
Therefore, even if cracking were to occur via this mechanism, the crack velocity would be too small to
lead to canister failure, even over repository timescales.

Two other SCC mechanisms, the adsorption-induced dislocation emission and vacancy injection and
embrittlement models, have also been discussed. Although these models are still in the development
stage, it is considered unlikely that they could induce cracking during the long-term anaerobic phase.

Therefore, it is concluded that the probability of SCC during the early aerobic period is low because
of the absence of the necessary conditions for cracking and that there is no well-founded SCC mecha-
nism that would result in cracking during the long-term anaerobic phase in the repository.
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Appendix A

Analysis of the published discussions of the Surface Mobility
Model (SMM)

We refer to the following discussion papers with the indicated abbreviations,

Sieradzki K, Friedersdorf F J, 1994. Notes on the surface mobility mechanism of stress-corrosion
cracking. Corrosion Science, 36, pp 669-675. (SF94)

Galvele J R, 1994. Comments on “notes on the surface mobility mechanism of stress-corrosion
cracking”, by K. Sieradzki and F.J. Friedersdorf. Corrosion Science, 36, pp 901-910. (GV94)

Gutman E M, 2003. Notes on the discussion concerning the “surface mobility mechanism” of stress
corrosion cracking. Corrosion Science, 45, pp 2105-2117. (GT03)

Galvele J R, 2003. Reply to “Notes on the discussion concerning ‘surface mobility mechanism’ of
stress corrosion cracking” by E.M. Gutman. Corrosion Science, 45, pp 2119-2128. (GV03)

Gutman E M, 2004. Comments on the “Stress corrosion cracking of zirconium and zircaloy-4
in halide aqueous solutions” by S.B. Farina, G.S. Duffo, J.R. Galvele. Corrosion Science, 46,
pp 1801-1806. (GT04)

Galvele J R, 2004. Reply to E.M. Gutman’s: “comments on the “stress corrosion cracking of
zirconium and Zircaloy-4 in halide aqueous solutions” by S.B. Farina, G.S. Duffo, J.R. Galvele”.
Corrosion Science, 46, pp 1807-1812. (GV04)

The main points raised by SF94 have already been discussed — they are:

» The SMM uses the wrong expression for the change in vacancy formation energy due to stress;
the expression used is appropriate for the interior of the solid, not the crack tip surface.

»  The SMM does not take into account capillary effects that would close up very sharp cracks.

There are also detailed but important points of difference such as the necessity of using chemical
potentials for the analysis.

In reply, GV 94 raises the following points in rebuttal (we note that the chemical potential discussion
is never taken up) —

SF94 did not take into account papers published subsequent to the original 1987 Galvele paper
that introduced the SMM.

Galvele refers to a discussion with Oriani embedded in the 1988 Kohler conference proceedings
/Duff6 and Galvele 1990/, a paper submitted to the 1991 Parkins conference /Galvele 1992/, and a
paper presented at the 1992 UMIST conference /Galvele 1993/. The last one might be considered an
accessible peer-reviewed publication, although unknown to SF94 in June 1993 when they submitted
their discussion. The first 8 pages are about other SCC mechanisms, the remainder is about the
SMM. We have not found any information in this paper that answers the two principal criticisms

by SF94. However the discussion of the origin of vacancies and vacancy formation energies is
expanded, and a little different, acknowledging that the sa’® term is for bulk metal — this was not at all
clear in the 1987 paper /Galvele 1987/. So we can conclude that at this stage, Galvele was prepared
to move the sink for the vacancies a little ahead of the crack so that bulk energetics could be applied,
perhaps realizing that this was the only way to save the basic postulate of the model. There is noth-
ing in the 1993 paper about capillary effects /Galvele 1993/.

It is interesting that the moving of the vacancy sink ahead of the crack turns the SMM into a vacancy
injection model, qualitatively similar to those proposed by other authors including the late Denny
Jones /Jones et al. 1997, Meletis and Lian 1995/. In those models the enhancement by stress of
equilibrium vacancy concentration inside the solid was not taken into account — at least not explicitly
— although it was probably part of the thought process.
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SF94 wrongly assumed that Galvele was calculating what he thought was an equilibrium vacancy
concentration on a surface, when such an equilibrium is not present owing to the occurrence of
ongoing corrosion; the only place where one should assume equilibrium is inside the bulk solid
ahead of the crack (just ahead, for Galvele’s ‘atomically sharp’ crack). [our emphasis]

SF94 were deriving what they thought was a more appropriate version of the SMM, and probably never
even considered that Galvele might believe the vacancies were finding their sink ahead of the crack,
because this was not clear in the 1987 paper /Galvele 1987/, and requires an extra diffusion process that
was not considered at all in 1987 (nor really in 1993 — it was just assumed to be possible). True, SF94’s
reformulation of the SMM might be quantitatively in error for a corroding metal, to the extent that
vacancy concentrations on the free surface might be non-equilibrium.

SF94 focused on certain literature and derived or rederived certain results, but not the
appropriate ones.

Again, the same point. Galvele is further defending the use of sa® and saying that considerations of
equilibrium vacancy concentrations at a surface are irrelevant.

SF94 inappropriately analyzed the effect of a compressive stress on the behaviour of a crack.
[our emphasis]

They are using some results that were derived for compression, but this does not appear to affect the
validity of their approach.

SF94 ignore the crystalline nature of the solid.

To ignore this appears appropriate for order of magnitude estimation, especially when the analysis
gives a steady state tip radius, during crack growth by their revised SMM, of the order of microns.
We have to consider the context of SF94’s analysis — they were not trying to understand how they
thought SCC cracks grow — they were examining the limits of what a SMM might predict. Galvele’s
response starts by assuming that the sharp crack assumption is correct, then says it should be con-
sidered in any revised model. In reality it is Galvele who could be stretching continuum approaches
beyond their reasonable limit, by postulating an atomically sharp crack and then guessing the change
in vacancy formation energy a few atom spacings ahead of such a crack — not to mention that
continuum mechanics does not predict such sharp cracks in metals.

SF94 ignore surface contamination and the stresses induced by corrosion products, including
corrosion product wedging.

In SF94°s presentation of a possible revised SMM, surface contamination would change the crack-
flank interfacial energy and the surface diffusivity, but would still not produce realistic crack veloci-
ties, as discussed in the body of this report. They do assume equilibrium vacancy concentrations on
the surface, and this has already been addressed.

Formation of 3D corrosion product phases, and the changes in local stress thus induced, appear — if
anything — to argue against the SMM. First, such layers isolate the metal from the environment;
second, they reduce the tensile stress ahead of the crack tip (except dealloyed layers, and except for
the special case of wedging), which needs to be extremely high for the SMM to operate, at least in
certain systems. Wedging can only occur if the crack angle is extremely low — which according to
SF94 it isn’t — so why should they have considered wedging? Because the SMM assumptions are
right, in defiance of conventional mechanics of metals?!

SF94 say that a sharp crack would close up under capillary forces, but this cannot happen in
the presence of corrosion products.

3D corrosion products are incidental in the SMM, and — as an aside — make it hard to see how it
could operate (since the analysis is in terms of vacancies on the metal surface flowing to a site in
or on the metal, somewhere near or at the crack tip). There is nothing in the model about corrosion
products, only ‘contamination’, which one may assume is of a 2D character, following /Delamare
and Rhead 1971/. This introduction of corrosion products seems to be a circular argument on
Galvele’s part — SCC is due to surface mobility, real cracks don’t close up, therefore SF94’s objec-
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tion to the SMM on capillary grounds is invalid! But the argument as to the validity of the SMM has
nothing to do with 3D corrosion products.

SF94°s entire analysis is wrong because it assumes thermodynamic equilibrium and is thus
only appropriate for a metal in contact with a completely inert environment.

The rebuttals become repetitive at this point. The same criticism of SF94 is restated for at least the
fourth time. But it does come with an extra assertion, which is that the SMM would cease to apply
altogether in an inert environment. This is an interesting point for SKB — Galvele himself is saying
that cracking will not occur at all in an inert environment. Certainly it would be slow, but even SF94
estimate some finite crack velocity. We believe his statement on this point is incorrect.

SCC cracks are atomically sharp, therefore the maximum stress is within a couple of atom
spacings of the crack tip, therefore an exchange of vacancies with the crack tip could not be
discarded [our emphasis].

We do not believe SCC cracks are atomically sharp; neither do any mechanics experts that we know.
It is true that SCC cracks are sharper than people used to think, and that is an active area of research.
But if Galvele is only prepared to say that an exchange with the crack tip could not be discarded for
a crack that is truly atomically sharp, how rapid is such an exchange for a crack, growing at ambient
temperature, that has a believable tip radius of, say, 5-10 nm?

Such obfuscations were behind SF94’s pardonable confusion as to where Galvele was placing his
stress, and thus maximum equilibrium vacancy concentration.

So, in the course of the rebuttal, Galvele justifies the exchange of atoms [vacancies] between the
surface and the applicable site ahead of the crack (required for the sa® assumption to be appropriate),
but also makes some statements that appear contradictory —

Sieradzki and Friedersdorf started their work by saying that I followed Nabarro
and Herring’s reasoning to develop the equation for crack velocity V. As I pointed
out in the discussion with Oriani®> the reference to Nabarro and Herring was
incidental, as it was used to obtain the equation for vacancy concentration in function
of stress, for the metal at the tip of the crack, not for the surface of the crack. At the
UMIST conference,* in view of the confusions created by the previous reference, I
repeated the development of the same equations based on the work of Hirth and Nix,*
which, incidentally, was published in the same Acta Metallurgica issue as the work
by Larche and Cahn® used in Sieradzki and Friedersdorf’s work. I preferred the
former one because it dealt with vacancy concentration in a volume, and, as I will
show later, it is more appropriate to our mechanism than the equations developed by
Larche and Cahn.

There is no mention whatsoever in my paper of any calculation of the vacancy
concentration of the stressed surface. To avoid the effect of the environment I had
to start the analysis of the system a few atomic layers below the surface.
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To develop the SCC mechanism I have chosen to refer to Hirth and Nix,’
because their paper dealt explicitly with the case of vacancies in a stressed solid, and
because they made explicit reference to the induction time necessary to reach the
equilibrium vacancy concentration: a very important point for our mechanism, but
not frequently found in the literature on the matter.

2: The temperature at which SCC takes place is lower than 0.5 Tm. Tm
is the absolute melting temperature for the metal or alloy considered. This postulate
is supported by the available SCC data. The main consequence of this postulate is
that volume diffusion in the metal, can be ignored.

4; SCC takes place by capture of vacancies by the tip of the crack, The
capture of a vacancy, at the tip of the crack, leads to the propagation of the crack by
an atomic step, and to a partial relaxation of the stressed lattice. Consequently, as a
result of this step, there is a reduction in the free energy of the system. The capture
of a vacancy by the stressed lattice at the tip of the crack, is the elementary step in
the SCC process.

Since in our mechanism, the temperature is lower than 0.5 T, the value for
D is very low, and consequently the relaxation time very long. As a result of this,
a vacancy deficient zone will be present at the tip of the crack.

We believe that the stress corrosion cracks are atomically sharp. This is
sustained by the observations made by Silcok and Swann” for AISI Type 316
stainless steel exposed to a 42% MgCl, solution at 150°C. These authors observed
cracks more than 10 um long, with a cross section of only 10 nm. Such a low cross
section allowed for very few events of slip emergence and dissolution, to keep such
a high aspect ratio. For high stress intensities, 50 nm cracks were observed. From
these observations it is reasonable to assume that the tip of the crack reaches atomic
size distances. Consequently, the maximum stress value, in the x axis, should be
found after a couple of atomic distances from the tip surface of the crack, and an
exchange with the crack surface could not be discarded. This allows for the
hydrostatic stress required in equation [2].

It is reasonable to assume that the environment by increasing the surface self-
diffusion of the metal,? will also facilitate the atomic exchange between the surface
and the first few atomic layers in the metal lattice. Taking into account the
description they made for the action of the environment, Sieradzki and Friedersdorf
cannot make any objection to the above assumption.

We do not consider this to be a self-consistent or clear set of arguments, particularly the comments
that ‘volume diffusion can be ignored’ and the mention of a ‘vacancy deficient zone’ ahead of the
crack. If it is vacancy deficient, because the vacancies cannot be transported fast enough — or at all —
from the crack surface, then the concrete predictions of the SMM are incorrect, as they stand. As we
understand the SMM, the rate-determining step is the movement of vacancies along the crack flank.
Capture by the crack tip is supposed to be rapid.
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The diffusion distance L along the crack flank, used to create a steady-state diffusion boundary
condition in the SMM, is considered to be around 10-® m. To state that this solid-liquid interfacial
diffusion can be rate limiting when vacancies also have to diffuse a short distance in the solid (say,
10 to 10-® m — we believe even the latter could be an underestimate for well-loaded cracks) is
equivalent to saying that the self-diffusivity in the solid (albeit that the lattice is dilated by the high
local stress) is at most one order of magnitude lower than that along the solid-liquid interface, which
is supposed to be highly enhanced by the environment in favourable cases of SCC! This does not
seem reasonable.

Criticisms by GT03

The following points are made —

1. Galvele is appealing to volume processes when the SMM is supposed to be a surface mobility
model. Also, the applicable stresses in the applicable published analyses — e.g. for internal cavi-
ties — are normal to the cavity surfaces, but at the crack tip such a stress must be zero.

2. If we have understood correctly, Gutman casts doubt on the idea that there can be any steady
vacancy flux, and thus crack growth rate, when both the crack flank and (stressed) crack tip have
equilibrium vacancy concentrations. Equilibrium is equilibrium.

3. Accordingly, chemical potentials should be used, not concentrations.

4. Gutman highlights the internally contradictory nature of the quoted passages from GV94 already
given. Is diffusion supposed to be on the surface or in the lattice?

5. Gutman doubts the atomically sharp crack assumption and mentions some findings of elastic-
plastic fracture mechanics.

6. Gutman discusses the parameter L (diffusion distance along the crack flank) and cites some
niceties of electrode kinetic theory.

7. The consistency between the SMM and the measured crack velocities, especially the applicable
activation energies for crack growth, is questioned.

8. The potential dependence of SCC velocity is considered to be inconsistent with the rate determin-
ing diffusion process assumed in the SMM, and anyway to be impossible on IR-drop grounds,
were the cracks to be as sharp as assumed in the SMM.

This is quite a lot of objections to the SMM. In considering the response in GV03, we consider only
some highlights that make some continuity with the earlier discussion around the criticisms of SF94.
Points 68 are not considered further, and anyway are not easy to resolve completely.

So, in GV03, we find the following — we have had to cut and paste, rather than quote or paraphrase,
in order to capture certain examples of the reasoning —

What Gutman avoids to mention is that Sieradzki and Friedersdorf [3] concluded
that the SMM was correct, but that it overestimated the crack propagation rate

(CPR) values by about 14 orders of magnitude. To reach this last conclusion they
erroneously calculated the surface vacancy concentrations with equations developed
for metals in the absence of a corrosive environment, and also had to assume that the
crack tip diameters were of the order of 10 pm, when the values reported in the
literature were less than 10 nm [4]. I will return to the point of the crack tip diameter
at the end of the present discussion, as it was done in the notes.

This is stretching the word ‘correct’ to breaking point! SF94 had to change the location of the

operable stress, use chemical potentials rather than concentrations, and introduce capillary forces to
obtain what they considered a ‘correct” SMM.
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Before going any further in this discussion it is important to recall a point that is
frequently ignored by our critics. The SMM is based on four postulates [5.6]. There is
nothing wrong if any of our critics decides to choose other postulates, and develops a
different mechanism. What is not correct for our critics is to suggest that we should
introduce changes in our equations that would contradict the postulates of our
mechanism. This type of suggestion is found in various parts of the notes.

No comment.

Gutman asks if the SMM is based on surface diffusion or on volume diffusion. The
surfaces in metals are not geometrical surfaces of zero thickness. Computer simu-
lation studies show that the concentration of vacancies in a metal is affected by a
clean surface up to some four or five atomic layers. One could guess that in the
presence of a contaminant that increases the surface mobility this effect could be
extended to a few atomic layers more. In Ref. [1] we mentioned that the model as-
sumes that there is an atomic exchange between the surface and the first few atomic
layers.

This assumption was required to rescue the entire model from its use of the sa’ term for the change
in vacancy formation energy, which is only applicable to the bulk of the solid. The argument fails if
cracks are not atomically sharp.

We also accept. as unquestionable, the statement that the value of 6., = 0 on the
free surface at the tip of the crack. This is almost a matter of faith. But the work by
Thomas and Bruemmer [21] should be mentioned. In Fig. 16 of their work these
authors show a very good picture of the tip of a stress corrosion crack. In that
picture we see an oxide film at the tip of the crack. In other words. the tip of the
crack is not a free surface. As far as I know there is no information about the value
of o, on the metal surface, at the tip of the crack, under an oxide film. The problem
of our general ignorance about what happens at a molecular level. at the tip of the
crack, was one of the main conclusions of my lecture in Granada [22].

If the metal surface is truly covered by an adherent oxide, such that this stress can be large, then the
SMM must fail anyway.
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The notes strongly question the assumptions made about the crack tip diameter in
all our papers related to SMM. It is suggested that we assumed atomically sharp
cracks only to validate the SMM. To disqualify our assumptions, Gutman calculated
the polarization required at the tip of the crack. To this purpose he quoted a paper
he submitted at the Third I.C.C. in Moscow in 1966 [29]. In this paper Gutman
developed a theoretical model for current distribution in a stress corrosion crack. In
that model all the crack surface was in an active state and, for some obscure un-
explained reason, a high anodic current circulated from the tip of the crack. In the
notes, with small changes. Gutman reproduced the calculation he made in his 1966
paper. Gutman’s conclusion, in the notes, is that the width at the tip of the crack is
higher than 20,000 atomic sizes. If this calculation is applied to Ni (@ = 2.5 x 10-1Y
m), Gutman’s crack tip would have at least 5000 nm. This conclusion is in con-
tradiction to what we find in the literature. For example Silcock and Swann [30]
studied samples of AISI Type 316 stainless steel stress corroded in 42% MgCl, at
about 150 °C, and found cracks with a width of less than 10 nm (i.e. about 40 atomic
diameters). Another example is the work by Thomas and Bruemmer [21] where they
showed. for SCC cracks developed in Ni alloys. crack tips of less than 10 nm. In
conclusion, when we assumed that the crack tips were atomically sharp, it was not
because 1t was required for the SMM., it was because that was the experimental
evidence. Of course, if the crack tips were 5000 nm thick then the SMM would not be
applicable. But this is not what we found in the literature.

There are strong doubts as to whether the dominant cracks that propagate at the rates Galvele uses in
his correlations are as sharp as the cracks studied by Bruemmer and Thomas. These cracks suscep-
tible to TEM study are likely side branches that are highly shielded by adjacent crack segments and
have arrested or are propagating slowly. This is, however, an unresolved issue.

Even 10 nm seems much too far for vacancies to diffuse ahead of the crack, especially if they have
to do so faster than they are diffusing on the crack flank! (Because this distance is similar to L in
the model). Granted, the lattice is dilated ahead of the crack, but compared with a free surface with
‘contamination’ causing a radically enhanced surface diffusion kinetics?

How about SCC or LME processes that proceed at 10 or 100 microns/s? Or 20 mm/s as in
Serebrinsky and Galvele? How does that work if the vacancy sink is 10 nm ahead of the crack?

Criticisms by GT04

Again we omit discussions of activation energies and electrochemical aspects in general. Again we
are obliged by the complex nature of the arguments to quote directly.
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#1

Further, *“‘the applicability of several SCC mechanisms (anodic dissolution,
hydrogen embrittlement. stress-sorption. film-induced cleavage and surface-mobility
SCC mechanism) was evaluated in order to explain the experimental observations™.

Thus, a reader can expect the author of Ref. [1] to compare the results of cpr
evaluation for each of the above-mentioned mechanisms with experimental results
using expressions of (1) type. As for his surface-mobility mechanism (SMM) of SCC,
the author gives an expression that he has described more than once in his papers

D 3
Cpl‘=f|:€‘,‘(p (%) - 1]. (2)

where Ds is the surface self-diffusion coefficient: L is the diffusion path of the
vacancies: o is the elastic surface stress at the tip of a crack (which is approximated
by the author as the yield strength of the material); a is the atom size: k is the
Boltzmann constant, and 7 is the absolute temperature. However, he does not dis-
cuss any expressions for other mechanisms. Thus. on the one hand. he comes into
conflict with his own declaration cited above. and on the other, discriminates other
mechanisms in favor of SMM. Such an approach gives the impression that the au-
thor [1] merely continues imposing his SMM despite detailed discussions on the topic
(e.g.. [2,3]).

Excellent polemic, but not very helpful for our discussion — we include this to give a flavour of the
extraordinary style of these articles.

#2

The next question arises when the author [1] explains the SCC stages: first. the
slow stage of “intergranular cracking due to anodic dissolution assisted by stresses;
then a transition from intergranular to transgranular cracking and rapid trans-
granular propagation”, the latter being explained by the author as SMM. However,
by his own SMM logical reasoning, it should be just the opposite. Grain boundaries
are contaminated with various impurities decreasing 7, (this fact 1s known in met-
allurgy), and according to SMM., the self-diffusion rate during IG cracking should be
much higher than during TG cracking! So why does the anodic dissolution during IG
cracking assisted by stresses make way to SMM at the transition from 1G cracking to
TG cracking, 1f the stress concentration and local plastic deformation rate in the
crack tip grow with crack deepening, 1.e. the driving force of stress-assisted anodic
dissolution increases?

#3

The approach chosen for SMM is erroneous and primitive, which is evident from
the following example. The problem of diffusion in a stress field (so called “uphill
diffusion™ or mechanodiffusion) is not completely solved as vet due to its compli-
cated nature, although it has been studied for many years (e.g., in metallurgy). Note

that in the case of SCC problems it becomes even more complicated due to inho-
mogeneous and non-stationary stress field distribution in crack tips. By way of
example, let us examine in a generalized and simplified form the effect of elastic stress
gradient on diffusion, which makes the first Fick law insufficient [8].
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The solution of this equation provides the concentration distribution C(x,y,z,¢) in
time and space. Then, proceeding from C(x, y, z, 1), we can calculate the diffusion flux
J(x,y,z,t) in each spatial point using Eq. (4). Naturally, to solve these equations, we
should specify, as usual, boundary and initial conditions for the given problem. The
potential of the stress field represents the potential energy of an elastic interaction,
FFor example, for a concentrated stress source it has the form of the Green function,
etc. [9].

#4

Ds oa®

cpr =— —. 7
pr=——r (7)
As pointed out in [11], “apart from the precise value of the numeral factor, which
depends on the geometry of the model and the rigour of the calculation, this is the

Nabarro-Herring equation of vacancy creep” presented in [12] as

D 3
Y R el (8)

where the constant « is close to a unity [12], D is the coeflicient of self-diffusion, & is
the creep strain rate at the steady-state stage and &L is the creep deformation rate [13,
p. 7]. or presented in [11] as

3
i =gl 9% (9)

presented in [13] as

_ D ¢a’
¢l = ]41’. T (10)
ete.

The comparison of right parts in Eqs. (7) (10) reveals their identity with the same
physical meaning, and the author’s rushing between Nabarro Herring or Hirth- Nix
models [4,6,7] criticized earlier in my Notes [3] does not help. It 1s a phantom that a
common creep deformation rate &L was called by Galvele “crack propagation rate”
without any grounds. Consequently, a “"good correlation™ of calculated values of the
creep deformation rate with measured values of the ““crack propagation rate™ points
only to a low quality of the fitting [1], but cannot support SMM: it rather rejects it
because this “good correlation™ is related to absolutely different matters. Indeed, the
creep deformation rate at a steady-state stage cannot be equal numerically to the
crack propagation rate in any case. As is well known [I4], in a common creep
process the creep rate at the steady-state stage (secondary creep) 1s a period of
constant creep rate called “minimum creep rate”, and it 1s much lower than on the
final failure stage (tertiary creep) developed due to the formation of internal voids
and cracking.
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and

Concluding this analysis, it seems that the paper [1] gives no experimental evi-
dence of SMM validity and confirms only the fact that SMM is built on a contra-
dictory and erroneous basis. I think that even without the longstanding criticism of
SMM. the illegitimate substitution of the usual creep deformation rate [Eqs. (8) (10)]
by the crack propagation rate [Eq. (7)] is a sufficient reason to reject SMM.

Responses in GV04

Stress assisted diffusion? There is no doubt that stress assisted, or stress induced,
diffusion 1s a very important subject. One could mention, for example, the recently
published work by Takahashi and Uesugi [10] on the bonding process of fine gold
wires, at room temperature. After reading the work by Takahashi and Uesugi one
does not get the impression that stress assisted vacancy diffusion is an unsolved
problem. as suggested by Gutman in his comments.

But. the surface mobility SCC mechanism does not include stress assisted diffu-
sion! The stresses that could be present on the walls of the cracks play, in the SMM,
only a secondary role, and could never account for the wide range of crack propa-
gation rates (CPR) found in SCC. Sieradzki and Friedersdorf [11] calculated the
contribution of surface stresses to the CPR and concluded that it was insignificant.

We feel this is playing on words to some extent. Gutman delivers examples that are indeed ‘stress
assisted diffusion’ in the purist sense, but he clearly does not miss the subtleties of what the SMM is.
From one of his own papers /Galvele 1995/

“*Stress Distribution Heterogeneity: ... When the crack is observed from
the inside of the material, there is a stress concentration induced by the
presence of the crack. However, when the crack is observed from within
the environment, a very important point is noticeable: the walls of the
crack show practically no stress, while a very high stress concentration
is found at the tip of the crack. From the point of view of stress distribu-
tion, the environment is in contact with a strongly heterogeneous mate-
rial. The metal is practically stress-free, with a very high stress
concentration located at the tip of the crack. Computer simulation of
cracks [13] shows that this heterogeneity covers a very short distance,
amounting only to several interatomic distances™.

Ref 13 must have dealt with a strong solid, not a metal which yields at the crack tip (or else the stress
was very low) /deCelis et al. 1983/.
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Since we are talking about the SMM and SCC, I will take the opportunity to
make a side comment on this matter. When the SMM was first published. in 1987,
[14] a full chapter was dedicated to hydrogen embrittlement. 1t was suggested that the
presence of hydrogen would increase the concentration of vacancies, in the same way
as stresses did in Eq. (1). To account for the effect of hydrogen on the CPR, the
following equation was suggested:

Dsg ga® + ok
CPR ; [exp( 5 ) 1} (3)

where Ey, was the binding energy for H-monovacancies, and o is a dimensionless
function that measures the difference in degree of saturation with hydrogen of the
vacancies, between the stressed and the stress-free regions. The value of « should
range between 0 and 1, and will be function of stress.

In 1993 Fukai and Okuma discovered that the presence of hydrogen induced
superabundant vacancies in metals [18,19]. This phenomenon was confirmed for
titanium, chromium, aluminium, iron, manganese, cobalt, nickel, palladium, stain-
less steel, etc. This observation not only confirms the assumption made when
developing Eq. (3), but it is also meant to call the attention of our SCC community,
so strongly influenced by the *“*dislocations culture’.

This correlation (between hydrogen and vacancy generation) is of course mirrored or exceeded in
importance by interactions of hydrogen with dislocation generation and motion, which are dynamic
processes involved in crack growth.

In the 1987 paper [14] (page. 5). after developing Eq. (2). I said: At very low stress
values, when ga® < kT, Eq. (2) can be approximated by
Ds oa’

CPR =—
L kT

(4)

Then. in the same paper. I calculated the range of validity of Eq. (4). which was
shown in [14] (page. 6. Fig. 4). Eq. (4) was found to be valid only for ¢ values lower
than 10 MPa. In all our papers. when we applied SMM we assumed that the value of
a was equal to the yield strength of the metal. In other words. since the ¢ values used
were higher than the limit of validity of Eq. (4). we have never used this equation.

In his “comments” Gutman says that Eq. (4) has the same shape that the equa-
tions for high temperature creep. Consequently he concludes that we were using an
equation for creep to calculate the crack propagation rates. As I said above. we
never used Eq. (4), and I do not understand why Gutman made the statements he
did.

This discussion remains to be completed. To the extent that the SMM uses the change in vacancy
formation energy from Nabarro and Herring, but then assumes local stresses at or exceeding yield,
various contradictions appear, including the atomistic sharpness of the crack. The two authors are
arguing ‘past’ each other here, as in so many of these discussions. That is not to say that vacancies
might not be involved in some slow SCC processes at ambient temperature, or relatively fast ones at
300 deg C. But fast ones at ambient, when the vacancies have to diffuse 10 nm in the solid? That is a
real sticking point.
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What we find unacceptable is the criticism for its own sake. and without alter-
native proposals. We would have expected our critics to have analysed why the
SMM seemed to work, and would have given us a better explanation of the process.
We will be the first to scrap the SMM as soon as we are confronted with a better
mechanism.

Again, no comment.
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Appendix B

Surface mobility model as applied to SCC of copper and silver and
their alloys in gaseous environments containing halogens

One of the cornerstones of the surface mobility model is the cracking observed by /Bianchi and
Galvele 1993, 1994/ in copper and silver, and AgPd alloys, in various gaseous halogen atmospheres.
Some of the temperatures were quite low, e.g. 200°C, versus melting points of the metal halides

in the range 400 to 600°C. The seminal work of Gordon Rhead /Delamare and Rhead 1971/ on
enhancement of surface self-diffusion of Cu by halogen adsorption was one of the chief stimuli for
the initial development of the surface mobility model, and for this particular experimental work.

As usual, there are multiple alternative explanations for the data. In particular, one has to ask — why
was SCC reported for pure copper in different halogen atmospheres, but for pure silver only in
iodine? The work in bromine /Bianchi and Galvele 1994/ used a Pd-Ag alloy, not pure silver.
Inspection of the literature shows that amongst the Cu and Ag halides, those that show ‘superionic’
conduction are CuCl, CuBr, Cul and Agl /Howells 1997, Takahashi 1978, Tankeshwar and Tosi
1991, Yashima et al. 2006/. AgBr is not a superionic conductor, or at least requires a temperature
very close to its melting point to show such behaviour. So a very logical explanation of the data is
that this is a kind of tarnish rupture mechanism in which a thick metal halide film grows down the
grain boundaries by something akin to superionic conduction. This is not the same thing as enhanced
surface mobility, although there may be superficial analogies. PdAg will be more susceptible in

a less ionically conducting system (where the film formed is AgBr) because the crack tip zone is
stronger and ‘sharper’ (nanoporous Pd layer embedded in AgBr, or vice versa) and triggers easier
cracking.

Further reading on the surface science of halogen interactions is provided by /Baier et al. 2002,
El’tsov et al. 1991, Giesen 2001, Nakakura and Altman 1998, 1999, Park et al. 1986, Sesselmann
and Chuang 19864, b, Sette et al. 1988, Walter et al. 1996/.
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